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ABSTRACT 
Relatively few studies have been carried out on polymers at high rates of 
deformation compared to more traditional materials such as metals, and it 
is therefore important to develop constitutive models to help predict how 
materials will behave under specified conditions. The stress-strain 
behaviour of polymers shows a very marked dependence on time (or rate) 
and temperature. Polymers (including polyethylene, polypropylene, nylon 
66, polyetherketone, polyetheretherketone, a liquid crystal polymer, 
polyethersulphone and polycarbonate) have been compressed at strain 
rates of -10-3 to 1O-1s-1 (using an "Instron" which measures deformation 
versus time at constant rates of compression) and _103s-1 (using a novel 
drop-weight impact machine) to strains of up to -100%. This drop-weight 
system is different from commercially available machines in that it 
operates in compression rather than fracturing specimens and provides 
stress-strain data directly. The initial crystallinity and orientation of 
specimens were examined using x-ray diffraction, and kinetic 
decomposition parameters were obtained using differential scanning 
calorimetry. Also thermocouples were inserted into some specimens 
compressed at high strain rates in order to measure any rises in 
temperature. 
Several important results have emerged so far: I) sufficiently high bulk 
temperature rises occ;ur during high rate deformation to considerably alter 
the stress-strain curve from isothermal conditions; 2) localised deformation 
in the form of cracking or shear banding in tough polymers appears to 
lead to temperature rises sufficiently high for significant thermal 
decomposition to occur; 3) data obtained at lower rates could be 
approximately fitted to the Eyring Theory unlike that obtained at the 
highest rate; 4) initial investigations suggest that Poisson's ratio varies 
with strain and strain rate and is not a constant of 0.5 as generally 
assumed. 
(iv) 
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1. INTRODUCTION, STRUCTURE AND MECHANICAL PROPERTIES 
OF POLYMERS 
1.1 INTRODUCTION 
1.1.1 BACKGROUND 
Polymers are increasingly being used to replace more traditional 
materials such as metals in applications where they have to withstand 
impact. The automotive and aeronautical industries are examples 
where light weight, high strength properties of polymers are 
particularly desirable. However, relatively few studies have been 
carried out at high rates of deformation compared to metals. 
Literature surveys carried out by Lataillade in 1980 [I] listed only 17 
studies in 25 years. A more recent study by Walley in 1991 [2] only 
found about a further 14 studies. 
The stress-strain behaviour of polymers is more complicated, and 
hence less well understood, than that of most other industrial 
materials. The main difference between polymers and conventional 
materials is that the stress-strain behaviour shows a very marked 
dependence on time (or rate) and temperature. In order to help 
designers develop constitutive equations to help predict how materials 
will behave under specified conditions it is necessary to measure 
material properties, and effects such as deformation rate and 
temperature must be taken into account . 
. Other than at high strain rates, considerable data has been published 
on the mechanical properties of polymers and the structure of the 
molecular chains has been well characterised, but it is difficult to 
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separate the intrinsic stress-strain properties of polymers from the 
geometry and mechanical/thermal history of specimens. This means 
that the crystallinity and molecular orientation of specimens should be 
known when comparing data on mechanical properties of different 
polymers. For example, if the molecular chains in a specimen are 
highly oriented in one direction (i.e. it is anisotropic) the properties 
will vary greatly in different directions. 
Recently, Walley and co-workers [2-4] carried out several studies on 
the rapid deformation of a range of polymers at strain rates from 
10-2s-1 to 104s-1 using an "Instron", an instrumented drop-weight 
machine and a direct impact Hopkinson bar. They found that friction 
was the main source of error when thin discs of material were 
compressed. At strain rates of I 03s-1 petroleum jelly was confirmed as 
the best lubricant. All the polymers they examined exhibited higher 
yield stresses at high strain rates of 103 to 104S·1 than at the lower 
rates. Compression at low temperature (1000 K) was also carried out. 
All the polymers had smaller failure strains at 1000 K than at 300oK. 
Some polymers fractured before they yielded, but those that yielded 
before they fractured exhibited a significantly higher flow stress at the 
lower temperature. High speed photography gave information on 
material failure mechanisms and associated heat evolution. 
Thermoplastic polymers can be either amorphous or semi-crystalline, 
depending on their chemical structure and processing conditions. 
Semi-crystalline polymers have a complex structure consisting of 
amorphous and crystalline regions. They display their most useful 
mechanical properties in the temperature range between the 
glass-transition temperature (T g) and the melting point (T m). 
Amorphous polymers are generally in service in the glassy state below 
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1.1.2 Objectives 
The main objectives of the research described in this thesis are: 
(i) to obtain stress-strain data at high strain rates using a drop-weight 
system for a range of common engineering polymers to larger values 
of strain than is possible with a standard Hopkinson bar; 
(ii) to compare the stress-strain data obtained at high rates with data 
obtained at a lower rate and constant speed using an "Instron"; 
(iii) to characterise the orientation/crystallinity of all the materials; 
(iv) to investigate the thermal properties of the polymers using 
differential scanning calorimetry and to consider the effect of 
temperature rises which occur during deformation. 
1.1.3 Deformation mechanisms 
One approach to the problem of large strain deformation of polymers 
is based on the behaviour of molecules during yielding of polymers 
[5,6]. Yield is temperature and strain-rate dependent, and molecular 
re-orientation can occur with plastic deformation although the exact 
nature of the molecular processes is still not certain. Crystallisation of 
polymers can occur when the molecular chains are aligned by 
orientation during deformation which may lead to strain hardening. 
Young and co-workers have studied important developments over 
recent years [7-9] which have increased the knowledge of the 
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mechanisms by which polymers deform. Semi-crystalline polymers are 
essentially two phase materials and properties such as the modulus 
depend not only on the proportion of crystalline material present, but 
also on the size, shape and distribution of the crystals within the 
polymer sample. Amorphous polymers are often thought of as rather 
brittle materials but they can display a considerable amount of 
ductility below the glass-rubber transition, especially when deformed 
in compression. Glassy (amorphous) polymers tend to show "strain 
softening" when the true stress drops after yield. Young and Lovell 
[9] suggest that this is not the same phenomena as is observed in 
tension when necking occurs in a specimen as this is not possible in 
compression, but occurs because there is inherent softening of the 
material. They do not give an explanation for their conclusion, but it is 
possible that some re-orientation of molecules causes the material to 
flow more easily. 
Wade Adams [10] and Seguela [11] examined the morphology of 
polyethylene during tensile deformation and showed the presence of 
more than one deformation mechanism. Segula concluded that the 
onset of plastic deformation was governed by two structurally well 
defined processes, i.e. slip of crystal blocks past one another in the 
mosaic crystalline structure and a homogeneous shear of the crystal 
blocks. Wade Adams studied near single-crystal texture thin 
polyethylene film which allowed simplification of both the morphology 
and deformation process. Deformation was found to occur by a 
combination of cavitation of interlamellar regions, strain induced 
crystallisation and chain slip. At higher deformations, lamellar blocks 
(or crystals) broke up by shear with some pull-out of folded chains. 
When the sheared block size became less than some critical size, the 
block decrystallised which contributed to strain softening. Annealing 
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was found to modify the mechanisms slightly. 
Fotheringham and Cherry [12] have examined strain rate effects in 
linear polyethylene and similar observations can also apply to other 
polymers. There are at least three different types of mechanism which 
are responsible for the deformation of a semi-crystalline polymer, 
termed the elastic, anelastic and plastic mechanisms. The first of these 
types of mechanism gives rise to a deformation which is 
instantaneously recovered on removal of the deforming stress, the 
second gives rise to a deformation which is eventually recovered and 
the third gives rise to an irrecoverable deformation. Young et al [7] 
have shown that deformation processes in the crystalline region of 
oriented high density polyethylene account for the permanent 
deformation while interlamellar slip contributes largely to the 
recoverable deformation. Fotheringham and Cherry deduce that the 
anelastic component of strain may be associated with interlamellar 
movement, part of which is instantaneous and part of which is time 
dependent. The more permanent component of strain is attributed to 
deformation within the crystalline region. 
Bawens-Crowet et a1 [13] regard yield and flow as activation 
processes with associated activation energies and volumes. They 
described the yield behaviour of polycarbonate (which is amorphous) 
by an Eyring-type equation for strain rates of 10-8 to 1 02S-1 from room 
temperature to 80°C. Yield and plastic deformation in polymers can 
be thought of as a type of viscous flow, especially since glassy 
polymers are basically frozen liquids that have been unable to 
crystallise. Eyring developed a theory to describe viscous flow in 
liquids and it can be readily adapted to describe the behaviour of 
glassy polymers. 
-6-
Eyring and co-workers [14] attempted to gain a molecular 
understanding of solution viscosities on the basis of thermally 
activated rate processes. They assumed that deformation of the 
polymer involves the motion of chain molecules or parts of a chain 
molecule over potential energy barriers. The basic molecular process 
may be either intermolecular (i.e. chain sliding) or intramolecular (i.e. 
a change in the conformation of the chain). With no stress acting. a 
dynamic equilibrium exists. and chain segments move with a 
frequency v over the potential barrier in each direction where 
LlH is the activation energy. Vo involves the fundamental vibration 
frequency and the entropy contribution to the free energy. R is the 
gas constant and T is the temperature. 
It is assumed that an applied stress produces linear shifts fJa of the 
energy barriers in a symmetrical manner. This gives a flow 
VI = Vo exp(-(LlH-fJo)/RT) 
in the forward direction (i.e. the direction of application of stress) and 
v2 = Vo exp(-(LlH+fJo)/RT) 
in the backward direction. The net flow in the forward direction is 
thus 
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If it is assumed that the net flow in the forward direction is directly 
related to the rate of change of strain, this gives 
d,/dt = £ = £0 e-LlH/RT sinh(vo/RT) 
where £0 is a constant pre-exponential factor and the symbol fJ is 
replaced by v, which is termed the activation volume for the molecular 
event. 
The yield stress denotes the point at which the internal viscosity falls 
to a value such that the applied strain rate is identical to the plastic 
strain rate £ predicted by the Eyring equation. The measurement of 
yield stress in a constant strain rate test is analogous to the 
measurement of the creep rate at constant applied stress and the 
Eyring equation above applies. For high values of stress, 
sinh x = 1/2 exp x and 
e = e0l2 exp [-(LlH-vo)/RT] .............. (1) 
This gives yield stress in terms of strain rate as 
alT = R/v. LlH/RT + R/v. In 2£/£0 
i.e., alT = R/v [LlH/RT + In 2e/eo] ........... (2) 
Thus plots of yield stress(f against log (strain rate) for a series of 
temperatures should give a series of parallel straight lines. 
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Foot. Truss. Ward and Duckett [5] gave the load-extension curve for 
amorphous polyethylene terephthalate (PET) over a range of 
temperatures. They fitted the behaviour of yield stress to two Eyring 
processes in parallel. Transitions observed in strain-rate behaviour of 
PET and polyethylene were related to mechanical relaxation 
transitions observed in the linear viscoelastic behaviour of the 
material. Steer and co-workers [\5] pointed out a transition at a 
critical strain-rate which they related to a relaxation transition in 
polycarbonate. 
G'Sell and Jonas [16] performed tensile tests on commercial 
crystalline polymers at 22°C and constant strain rates of 10-4 to 
\0-1s-1. The effects of specimen geometry were said to be largely 
eliminated through the use of a servo-control\ed testing procedure 
which was said to maintain a constant true strain rate at a particular 
location in the specimen. In this way. the intrinsic material behaviour 
could be determined under constant strain-rate conditions. The shape 
of the specimen in the conventional tensile test can lead to 
propagation of a neck which gives rise to a cold-drawing plateau. This 
plateau corresponds to the propagation of the neck and is not an 
intrinsic property of the material. 
G'Sell and Jonas derived a constitutive equation relating stress to 
strain and strain rate. They suggested that the experimental data could 
be fitted with an additive equation of the type 
where a = stress 
€ = strain 
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and • = strain-rate. 
The first term aj(e) represents the internal stress and measures the 
effect of true plastic strain accumulated in the material during the 
previous mechanical history of the specimen. As stated by 
Fotheringham and Cherry [12,17], this internal stress acts as a 
back\vards driving force which tends to return the material to its 
undeformed state. It has been shown that a plastically deformed 
specimen can recover its initial shape completely given enough time 
and provided that thermal or geometrical conditions allow. (For 
example, Uhlmann and Park [18] have established that virtually all the 
deformation in amorphous polycarbonate is recoverable on heating.) 
The exact microstructural origin of the internal stress is difficult to 
specify with certainty, especially in the case of semi-crystalline 
polymers where the contribution of the crystalline lamellae and 
amorphous regions cannot be easily understood. For simplicity, the 
internal stress can be considered to be due to the rubberlike entropic 
forces which make the chains retract when they are unloaded after an 
elongation. 
The second term a'(') of the constitutive equation, traditionally called 
the effective stress, reflects the strain-rate sensitivity of the material. 
This approach leads to the relation 
• = '0 (T) exp (00' IkT) 
where k is the Boltzmann constant and the pre-exponential term f.o(T) 
incorporates both the probability of thermally aided deformation and 
the dependence of the microstructure on temperature. 
corresponds to equation (I) which can be written 
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This equation 
·, 
e = eol2 exp{-LlH/RT) exp{vo/RT) 
(Boltzmann's constant, k = gas constant RlAvogadro'S no. N) 
Strain rate sensitivity can be determined from a plot of 0 against 
log(e). The effective stress o' increases with log(strain rate) as given 
by 
o' = kT/v. In(e/eo). 
1.1.4 Experimental work described in this thesis 
Compression on a range of polymers has been carried out at strain 
rates of _10-2 and 103s-1 using an "Instron" and a drop-weight impact 
machine respectively. This is of similar design to the drop-weight 
impact machine used at Cambridge by Walley et al [2-4]. The 
polymers investigated include polyethylene, polypropylene, nylon 66, 
polyethersulphone, polycarbonate, polyetherketone, 
polyetheretherketone, and a liquid crystal polymer. In the "Instron", 
compression was achieved by fitting a compression chuck. In the 
drop-weight impact machine, the specimen was compressed between 
two hardened steel rollers Ilmm in diameter. The upper roller was 
impacted by a weight of mass 3.82Kg from a height of about 300mm. 
The accuracy of the measurement of the speed of impact was found to 
be crucial to the accuracy of the stress-strain measurements. Hence 
great care was taken to develop an accurate technique for the 
measurement of velocity and results were found to be reproducible. 
It is important to know the morphology of the samples and this was 
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examined using x-ray diffraction as differences in crystallinity and 
orientation can affect the properties of the materials as mentioned 
earlier. Most commercial polymeric products are oriented to some 
degree. This orientation is either necessary, as in high strength or 
high modulus fibres, or unavoidable, as in injection moulded parts 
where residual orientation occurs during processing. 
When a polymer is compressed, the work of plastic deformation is 
converted into heat. At faster strain rates there is not enough time for 
all of the heat to escape and a significant rise in temperature of the 
specimen will occur [20], i.e. bulk temperature rises are due to the 
adiabatic nature of the deformation process at high strain rates. This 
will tend to produce strain softening at high rates of deformation and 
so the stress-strain curve could fall below the curve determined for a 
lower strain rate, as has been observed by Follansbee [21] for 
stainless steel. At low strains, increasing strain and strain rate tend to 
produce strain hardening [22]. 
Attempts have been made to measure the bulk temperature rise of 
impacted specimens by inserting a thermocouple in the side of the 
specimen. This has proved a very difficult measurement to make 
because the thermocouple breaks easily during compressive loading at 
high strains. 
Apart from the bulk temperature rises described above, localised 
temperature rises can also occur which are due to cracks or crazes 
which form on impact. This instantaneous rise in temperature can be 
very high (up to 800°C) [23-29] and it is possible that some 
decomposition of the polymer can occur, forming voids in the region 
ahead of the crack tip. Differential scanning calorimetry has been used 
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to investigate decomposition behaviour in order to calculate rates of 
decomposition and determine whether decomposition of the various 
materials ahead of crack tips is feasible. 
The behaviour of polymers can be influenced by many factors as the 
following two sections on the structure and mechanical properties of 
polymers will show. These have been included to help give an 
understanding of the differences in the stress-strain behaviour of the 
polymers examined in this thesis. 
1.1.5 Materials examined 
The polymers examined are listed below, together with the original 
dimensions of the samples. 
Cylindrical specimens were machined from larger mouldings of the 
following materials kept at ambient temperatures in the laboratory. 
I) Polypenco high impact polyethylene rod (4.lmm diameter) 
2) Polypenco nylon 66 annealed QCR028876 rod "wet" (8mm 
diameter) 
3) Polyetheretherketone Victrex' PEEK 380 G plaque (3mm 
thickness) 
4) Polyetherketone Victrex' PEK 220 G plaque (3.3mm thickness) 
5) Polyethersulphone Victrex' PES 4100 G plaque (4mm thickness) 
6) Glass filled polyethersulphone Victrex' PES 4101 GL20 plaque 
(4mm thickness) 
7) Self-reinforcing "liquid crystal" polymer SRP 1 plaque (3mm 
thickness) 
8) Polypropylene PP 307910 rod (1O.6mm diameter) 
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9) Polyetheretherketone CT 307910 rod (6mm diameter) 
10) Polycarbonate CT 307906 rod (6.4mm diameter) 
Samples I) and 2) were available in the laboratory, samples 3) - 7) 
were kindly donated by the Wilton Materials Research Centre, ICI 
plc, and samples 8) - 10) were purchased from the "Goodfellow" 
catalogue. 
All of the materials are semi-crystalline except for polyethersulphone 
and polycarbonate which are amorphous in their commercial form as 
discussed in Chapter 2. The liquid crystal polymer, SRP, is highly 
oriented in one direction with low crystallinity. 
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1.2 STRUCTURE OF POLYMERS 
1.2.1 CHEMICAL COMPOSITION 
1.2.1.1 Polymerisation 
A polymer is a substance composed of molecules which have long 
sequences of one or more species of atoms or groups of atoms linked 
to each other by primary, usually covalent, bonds. A macromolecule 
defines the molecules of which the former is composed. 
Macromolecules are formed by linking together monomer molecules 
through chemical reactions, by a . process known as polymerisation. For 
example, polymerisation of the monomer ethylene [-CR:eCR:e] yields 
polyethylene with repeat unit -CR:e, a typical sample of which may 
contain molecules with 50,000 carbon atoms linked together in a 
chain. It is this long chain nature which makes polymers different 
from other materials and gives rise to their characteristic properties. 
The chemical structure of a polymer is usually represented by a repeat 
unit. Thus polyethylene 
-CR :eCR :eCR :eCR:e 
is represented by 
[-CR:e]n 
where n is the number of repeat units linked together. 
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(i) Cross-linking and chain brancbing 
Polymers can have linear, branched or network structures. A linear 
polymer may be represented by a chain of linear polyethylene with 
two ends as shown in Figure 1.1 while branched polyethylene has side 
chains (or branches) as can be seen in Figure 1.2. Figure 1.3 gives a 
representation of a network polymer which has a three-dimensional 
structure in which each chain is connected to all others; such a 
polymer is said to be crosslinked. These variations in skeletal structure 
give rise to major differences in properties. Linear polyethylene has a 
melting point 20°C higher than that of branched polyethylene and has 
a higher modulus. The differences in structure are produced by 
variations in polymerisation conditions. Cross-linked (network) 
polymers do not melt upon heating and cannot be re-processed. These 
polymers are known as THERMOSETS while linear or branched 
polymers can be re-melted and hence re-processed and are known as 
THERMOPLASTICS. All of the polymers examined in this thesis are 
thermoplastics. 
(ii) Molecular weight and molecular weight distribution 
Each sample of a polymer consists of molecular chains of varying 
lengths, i.e., varying molecular weight. The molecular weight and 
molecular weight distribution is important in determining flow 
properties during processing and thus affects the mechanical 
properties of a polymer by influencing its final physical state. 
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Figure I. I A linear polyethylene chain 
(high density polyethylene) 
Figure 1.2 A branched polyethylene chain 
(low density polyethylene) 
Figure 1.3 Schematic diagram of a cross-linked polymer 
(iii) Chemical and steric isomerism and stereoregularity 
The chemical structure of polymers is complicated by the possibility of 
different chemical isomeric forms for the repeat units. A simple 
example is the possibility of either head-to-head or head-to-tail 
addition of vinyl monomer units 
X 
r 
-CHZ-CH-
using stereospecific catalysts as shown below: 
x X 
I r 
head-to-tail -CHZ-CH-CHZ-CH-
X X 
I I 
head-to-head -CHZ-CH-CH-CHZ-
Head-to-tail substitution is the most common, but the presence of 
some head-to-head substitution leads to loss of regularity, and thus 
reduces degree of crystallinity. 
Steric isomerism and stereoregularity is rather more complex. 
Illustrated in Figure lA is a simple vinyl polymer with a planar 
zig-zag chain. Figure lA(a) shows a simple "isotactic" polymer with 
the substituent groups X added in an identical regular manner along 
the chain. Figure 1.4(b) shows a "syndiotactic" polymer where the 
substituent groups alternate regularly on opposite sides of the chain. 
This regular addition in (a) and (b) makes it possible for crystallisation 
to occur. These stereoregular polymers are crystalline and have high 
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Figure 1.4 A simple vinyl polymer with a planar zig-zag chain 
Figure 1.5 (a) the "trans" and (b) the "gauche" conformations 
of polyethylene terephthalate 
melting points, and thus a large working range. In practise, a number 
of faulty substitutions occur which produce "atactic" polymer which 
has chains with an irregular substitution pattern, as shown in Figure 
1.4(c). This material cannot crystallise and is thus amorphous. Its 
working range is limited by a lower softening point. 
(iv) Blends, grafts and copolymers 
Blending, grafting and copolymerisation are often used to increase the 
ductility and toughness of brittle polymers, or to stiffen rubbery 
polymers. A "blend" is a mixture of two or more polymers. A "graft" is 
where long side chains of a second polymer are chemically attached to 
a base polymer. A "copolymer" is where chemical combination exists 
in the main chain between two polymers [Aln and [Bln: 
Block copolymer [AAAAA ... BBBl 
Random copolymer [ABAABABBBAABl 
The properties of a block copolymer will be more like those of a blend 
of the two constituents, whereas the crystallinity of a random 
copolymer will be disrupted, unless co-crystallisation occurs. 
1.2.2 PHYSICAL STRUCTURE 
When the chemical composition of a polymer has been determined, 
the next factor is the morphology or arrangement of the molecular 
chains in space. 
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1.2.2.1 Rotational isomerism 
This is the arrangement of a single chain without regard to its 
neighbours. There are alternative conformations for the molecule by 
rotation about single bonds. Figure 1.5 shows the "trans" and "gauche" 
conformations of polyethylene terephthalate The molecular chains of 
some polymers, such as polypropylene, form a helix rather than a 
planar zig-zag as in Figure 1.4. 
1.2.2.2 Orientation and crystallinity 
The arrangement of molecular chains with respect to each other are 
two largely separate aspects - molecular orientation and crystallinity. 
It should be emphasised that polymers may not differ so much in 
themselves as in the states in which they happen to exist. These states 
are the result of the type of treatment to which they have been 
subjected, as well as the prevailing conditions of temperature etc. 
under which they are observed. Molecular orientation and crystallinity 
are just two of the factors which determine the final state, and 
consequently the physical properties, of the finished material. 
(i) Orientation 
The mechanical properties of an oriented material are not the same as 
those of un oriented isotropic material. Oriented polymers possess 
properties which are different in different directions - they are 
anisotropic. The orientation of crystallites can be measured by x-ray 
diffraction. Uniaxially oriented materials have Young's modulus, 
tensile strength and elongation to break which are much greater in the 
direction parallel to the orientation than in the direction perpendicular 
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to the orientation. Impact strength is also greater parallel to the 
polymer chains, but this is outweighed by the fact that impact 
strength in the perpendicular direction will be less than in an 
unoriented specimen. 
(ii) Crystallinity 
Many polymers crystallise when cooled slowly from the melt, forming 
clusters of disoriented crystallites called "spherulites". Spherulites are 
large enough to be seen under a microscope an an example is shown 
in Figure 1.6. They are made up of small crystallites, but also contain 
amorphous material and hence are semi-crystalline. The spherulites 
grow from a nucleus at their centre. As crystallisation proceeds, the 
growing spheruiites impinge upon one another so that boundaries 
made up of straight line sections are formed between them. The more 
crystalline polymers, such as high density polyethylene, can form 
single crystals grown from dilute solutions [30]. It was deduced that 
molecules must be folded back and forth within the crystals. This led 
to the folded chain (or lamellar) theory which is illustrated in Figure 
1.7. This is a great shift from the old "fringed-micelle" model, shown 
in Figure 1.8, where the molecular chains alternate between regions of 
order (the crystallites) and disorder (the amorphous regions). In the 
folded chain theory the concept of an amorphous phase is not so 
clear. Possibly the material corresponding to the amorphous phase is 
formed in the chain folds and the regions between the lamellae. 
The influence of chain folding on the structure of crystalline polymers 
may be vital to the understanding of mechanical properties. At present 
it is thought that chain folding occurs as well as the more 
conventional threading of molecules through the crystalline regions. 
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Figure 1.6 Spherulites of polyethylene terephthalate 
JlJl 
~ ] 
nm L 
ruJl 
<: 
• 
0 
0 
.. 
D ullli fU1J1 
0 ,. 
0 
~ 
Figure 1.7 
Folded chain theory 
Figure 1.8 
Fringed-micelle model 
This is illustrated schematically with the diagram of Hosemann [31] 
shown in Figure 1.9. 
The chemical structure determines a polymer's tendency to be 
crystalline or amorphous. Crystallinity is favoured by symmetrical 
chain structures, such as polyethylene and polypropylene, that allow 
close packing of the polymer units. High interchain interactions also 
favour crystallisation. The morphology of crystalline polymers may be 
changed by heat treatment. The more rapidly a polymer is cooled 
through the crystallisation zone the smaller the spherulites become. 
Hence the spacing between chain folds, overall crystallinity, and 
melting point will be reduced. Orientation also plays a part in 
crystallisation as aligning molecules can enable them to crystallise. 
Figures 1.1-1.5, 1.8 and 1.9 were taken from reference [6]; Figures 
1.6 and 1.7 were taken from reference [32]. 
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1.3 MECHANICAL PROPERTIES OF POLYMERS 
1.3.1 VISCOELASTICITY 
Apart from the effects of structure and morphology discussed in the 
previous section, mechanical properties are influenced by the condition 
of testing such as the rate of application of the load, temperature or 
amount of strain. It is therefore difficult to classify polymers as 
particular types of material such as glassy solid or viscous liquid. 
Under certain conditions irrecoverable deformation, or yield, can 
occur. At a given strain-rate the yield stress drops as temperature is 
increased. If temperature is held constant, yield stress increases as 
strain-rate is increased. Yield stress can be regarded as the minimum 
stress at which permanent deformation is produced when the stress is 
subsequently removed. 
This dependence on rate and time is in marked contrast to the way in 
which elastic solids such as metals and ceramics behave. At low 
strains these materials obey Hooke'S law and stress is proportional to 
strain and independent of the rate of loading: 
Young'S modulus, E = oh 
where 0 is the stress and € the strain. 
On the other hand the mechanical behaviour of viscous liquids is time 
dependent. Their behaviour at low rates of strain can be represented 
by Newton's law which states that stress is proportional to the 
strain-rate and independent of strain: 
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a = q dddt 
where q is the viscosity and d€/dt the strain rate. 
The behaviour of most polymers can be thought of as being between 
that of elastic solids and liquids. At low temperatures and high rates 
of strain they behave in an elastic manner whereas at high 
temperatures and low rates of strain they behave more like a viscous 
liquid. Polymers are therefore described as VISCOELASTIC materials 
as they display aspects of both elastic and viscous materials. 
1.3.2 EFFECT OF TEMPERATURE 
A range of phenomena can be displayed by a single polymer as the 
temperature is changed. The effect of temperature can be seen in 
Figure 1.10 showing the load-elongation curve for a polymer at 
different temperatures. Curve A, at a temperature well below the 
glass-rubber transition temperature (see below), shows brittle fracture. 
The load rises sharply to the breaking point and rupture occurs at 
",,10% strain. In an intermediate temperature range below the 
glass-transition (curve B) the load-elongation curve is like that of a 
ductile metal, showing a load maximum (a yield point), before rupture 
occurs. In curve C, at a slightly higher temperature but still below the 
glass-transition, the load falls to a constant level after yield and 
strains of 300-1000% can occur. At this stage a neck has formed in 
the specimen. Finally the load begins to rise again and fracture occurs. 
At a higher temperature, above the glass-transition (curve D), the 
polymer is rubber-like and the load rises gradually to the breaking 
point at high strains. These curves have the limitation discussed by 
G'Sell and Jonas [16] (see section 1.1) that they are a factor of the 
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Figure 1.10 Load-elongation curves for polymer at different 
temperatures. 
Curve A: brittle fracture; curve B: ductile failure; 
curve C: cold-drawing; curve D: rubber-like 
behaviour. 
geometry of the specimen and are not the intrinsic tensile behaviour 
of the material. 
It is therefore important to describe the precise conditions of testing 
used, as well as checking the orientation and crystallinity of the 
specimen. Nearly all of the mechanical properties of polymers are 
determined by the transitions which occur in polymers and the 
temperature at which they occur. These transitions include 
glass-rubber transitions, melting and secondary transitions. 
(i) Glass-rubber transitions 
At the glass-rubber transition (Tg) an amorphous polymer changes 
from a rigid glass to a flexible rubberlike material. This can be seen in 
Figure 1.10 as described above. Curve C is below Tg: a yield point 
occurs followed by necking and cold drawing, before finally breaking. 
Curve D, above Tg, shows rubber-like behaviour and the load rises to 
the breaking point. Below Tg molecular motion is frozen in. At Tg, 
the polymer has expanded to the extent that there is enough free 
volume available in the material for molecular motion to begin. Tg can 
be detected in several ways, for example a change in the volume 
coefficient of expansion, or thermal analysis which measures changes 
in specific heat as shown by a discontinuity in the specific heat versus 
temperature curve. Also dynamic mechanical methods such as a 
vibrating reed, where the resonant frequency and band width give the 
shear modulus, can be used. 
The most important factor in determining the value of Tg is flexibility 
of the polymer chain. Flexible chains such as polyethylene made up of 
[-CH2-CH2-]n have low glass-rubber transitions, whereas stiff polymer 
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TABLE 1.1 
Glass transition temperature (Tg) and melting point (Tm) 
Polymer Repeat unit UC nn:c 
S!:mi-~,Ty:;tallin!: PQlymers 
Hif,h densi ty ~H,-cH:- -120 137 po yethylene 
'~H,-cH-
Polypropylene I -10, -18 176 CH., 
Polyvinylchloride ~,-cH- 87 212 I 
a 0 0 
Polyeth~lene o 0 69 267 
.o-cH,-cH:-o-c-@-c- . tereph t alate 
H 0 0 
, , 
• Polyhexamethylene 
-N- (CH~6' N.C-(CHi -c- 50 265 
adipate (nylon 66) , 4 
H 
Polyetheretherketone . 0 . ~. 0 ·0· 0 ·0- 1441351 3351351 
0 
Polyetherketone 'O'C'O ·0- 1541351 367[35] 
• 
0 
Self-reinforcin$ *see below not known 320137J "Ii~uid-crysta] 
po ymer 
Amorphous PQlym!:rs 0 
Polyethersulphone 
-O·~- 0 ·0- 216136] 
0 
CH 0 
Polycarbonate ' 3 • 150 
·0· 0 .~. 0 ·O·C· 
CH3 
All data, except where marked, is taken from reference [32]. 
*synthesised from the following monomers: 
p-hydroxybenzoic acid hydroquinone isophthalic acid 0 . 
o [0. 0 .o·r] 
o X (1·X)/2 
C-
[ ·~·O] [.0. 0 .0-] (1·X)12 
chains such as polycarbonate with many phenylene groups have high 
Tgs (see Table 1.1). Steric hindrance and bulkiness of side groups also 
increase Tg. Table 1.1 gives examples of Tgs of the amorphous phase 
of a number of polymers. 
The Tg of a polymer can also be modified by copolymerisation to 
change the nature of the polymer chain or by the addition of 
plasticisers (as in plasticised polyvinyl chloride) which fit into the 
polymer network and allow chains to move more readily. 
(ii) Melting points 
Many polymers are semi-crystalline and behave as though they were a 
mixture of amorphous and crystalline material. The degree of 
crystallinity, i.e., the fraction of the total polymer that is in the 
crystalline state, may vary from a few percent to over 90%. The 
remainder of the material is amorphous and will have a glass-rubber 
transition. Crystalline polymers melt over a temperature range and 
this can vary depending on the previous thermal history of the 
material and the range of molecular weight present. The final melting 
point is usually taken as the temperature at which all the crystals 
disappear using a carefully annealed specimen which has reached its 
maximum crystallinity. Techniques such as differential scanning 
calorimetry and x-ray diffraction can be used to measure melting point 
and crystallinity respectively. Melting points of a number of polymers 
are given in Table 1.1. 
Some of the relationships between structure and Tg also hold for 
melting point. Rigid molecules such as nylon 66 
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o 
n 
[-NH-(CH ) -NH-C-(CH ) -C-]n 
'6 11 ' • 
o 
have a higher melting point (265°C) than a flexible polymer such as 
high density polyethylene 
[-CH,-CH,-]n 
which has a melting point of 137°C. 
(iii) Secondary transitions 
Many polymers have secondary transitions in addition to the main 
glass-rubber transition, and these play a part in modifying the 
mechanical behaviour of polymers. The main Tg occurs in the 
temperature range where large segments of the polymer backbone 
become free to move. Secondary transitions often occur at 
temperatures where subgroups or side chains in the main polymer 
chain become free to move or oscillate. These require less free volume 
than polymer chains for movement, and thus secondary transitions of 
amorphous polymers occur at lower temperatures than the main Tg. 
Nielson [32] discussed secondary transitions measured by dynamic 
mechanical testing. Polymethyl methacrylate (PMMA) , which is 
amorphous, has a main glass-rubber transition at about 125°C and a 
broad secondary transition at around 40°C. 
Nearly all crystalline polymers show one or more secondary 
transitions. Polyethylene has transitions at about 70, -25 and -120°C 
known as the et, fJ and i' transitions respectively. The y transition at 
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-120°C is due to long -CH,- sequences in the amorphous phase and 
could be considered as the Tg of a pure linear hydrocarbon, although 
there is some evidence that this transition may also be found in the 
crystalline phase of hydrocarbons. The magnitude of the fJ transition at 
-25°C increases as the degree of crystallinity decreases, and is related 
to the amorphous phase containing branch points or comonomer 
units. The Cl transition at 70°C is due to the crystalline phase and in 
some cases appears to be two transitions. The temperature of this 
transition can be changed markedly, depending on the thermal history 
of the polyethylene. It increases up to about 100°C on slow cooling 
and annealing. When cooled rapidly from the melt the Cl transition can 
be lowered to at least O°e. This transition temperature may be related 
to the length of the chain folds in the polyethylene crystals. 
Similar observations were made by Dawson et al during thermal 
analysis of polyvinyl chloride (PVC) [33,34] which is about 10% 
crystalline. Figure 1.11 shows two transitions (peaks A and C) which 
were observed between Tg and the melting point (peak B). The 
temperature and size of peaks A and C depended on previous thermal 
history. Peak A was thought to be a combination of melting and 
recrystallisation of poorly ordered crystallinity. Peak B (the final 
melting peak) was attributed mainly to melting of primary crystallinity 
(i.e., virgin material before processing) and provided information about 
the maximum temperature to which the material had been subjected. 
Peak C was obtained when specimens were heated between the Tg 
and the melt (peak B). It was attributed to melting of material of a 
crystallite perfection distribution which was characteristic of the 
holding temperature. 
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2. THE CRYSTALLINITY MU ORIENTATION OF POLYMERS 
2.1 INTRODUCTION 
The mechanical properties of polymers are known to vary with 
crystallinity and isotropy , as has been discussed in Chapter I. When 
comparing mechanical properties of different materials it is therefore 
necessary to know details about their morphology. X-ray diffraction is 
a good method for examining the crystallinity and orientation of 
polymers, and x-ray photographs have been taken of the materials 
examined. However, because x-ray diffraction mainly detects the 
presence of order it is not a suitable technique for determining the 
orientation of the amorphous material present in semi-crystalline 
polymers. This requires an optical technique such as birefringence. 
2.2 X-RAY DIFFRACTION 
Most diffraction techniques require x-radiation that is essentially 
monochromatic. The source of such radiation is usually the K", doublet 
from a target such as copper, which has a wavelength of 1.5418A. 
The beam from an x-ray tube operating at the potential required to 
produce radiation suitable for diffraction studies not only contains the 
complete K line spectrum (i.e. K", and K,B) but also a continuous 
spectrum of white radiation. For a large part of diffraction work 
monochromatisation may be achieved through the use of filters. A 
nickel filter can be used for CuK", radiation as shown in Figure 2.1. 
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Figure 2.1 Intensity distribution in x-ray beam from a copper target 
2.3 X-RAY DIFFRACTION OF POLYMERS 
If a polycrystalline sample is irradiated by x-rays, the resulting 
diffraction pattern will consist of several reflections defined by the 
wavelength of the rays and the spacings of the lattice planes. It will 
therefore be a unique pattern which can be used as a means of 
identification of the material. Amorphous materials such as glass only 
produce diffuse haloes because the degree of regularity of the atomic 
positions is very small. 
In a long chain polymer the whole of the material cannot be 
crystalline. Polymers usually give an x-ray pattern together with a 
general x-ray scatter that indicates the presence of amorphous as well 
as crystalline material. The reflections on an x-ray photograph of an 
un oriented crystalline polymer have a complete angular dispersion, as 
can be seen in Figure 2.2(a). This is unlike the pattern for single 
crystals which give an x-ray pattern of sharp and definite spots. This 
is because the macromolecular structures are built up of long 
molecular chains which aggregate to form ordered structures over 
limited regions of submicroscopic size. These crystallites are not 
aligned and hence give rise to a complete angular dispersion of the 
x-ray diagram of the specimen. When a crystalline polymer is 
oriented, for example a drawn fibre, the molecular chains are 
predominantly aligned in one direction and the x-ray pattern is more 
like that of a single crystal. This can be seen in Figure 2.2(b), where 
some reflections of Polyetheretherketone (PEEK) are labelled with 
their crystal lattice plane. In other cases, such as thin polymer film, a 
crystal plane or a unit cell axis can lie in the plane of the film. 
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Figure 2.2 X-ray photographs of 
(a) un oriented PEEK 
(b) highly drawn fibre of PEEK 
2.4 EXPERIMENTAL 
X-ray photographs were taken using a "Unicam" camera, a 
photograph of which is shown in Figure 2.3. This camera is suitable 
for qualitative examination of the crystallinity and orientation of 
polymers because it shows the complete angular dispersion of the 
reflections, unlike a "Debye-Scherrer" powder camera which does not 
show the meridianal reflections. It is not, however, suitable for 
quantitative measurements of orientation because the diffracted rays 
which produce a given diffraction line all traverse paths of different 
length before reaching the x-ray film. In order to obtain quantitative 
information regarding polymer chain orientation it would be preferable 
to analyse the information from a flat plate camera or a diffractometer 
using computer techniques. 
In an attempt to quantify, use was made of the Hermans orientation 
function 
3 (cos'4» - 1 
f(cP) = ---,----
2 
------------- (1) 
where cP is the angle between a crystalline plane and (he drawing 
,n1 , 
direction (also called the average angle of orientation). waS o.ppl:i~d-
by Wu [1] using an image analyser (Cambridge Quantimat 970). 
This function is derived from the "optical orientation factor" f of a 
fibre defined by Hermans by the simplified equation [2]: 
f= 
-------------------- (2) 
where nE and nw are the refractive indices of an ideal fibre in the 
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Figure 2.3 View of "Unicam" camera showing collimator extension 
directions parallel and perpendicular respectively to the fibre axis. and 
n l and n2 are the refractive indices of an actual fibre in the directions 
parallel and perpendicular to the fibre axis. 
For the extreme case of an isotropic fibre (random orientation) f = 0 
and for the other extreme case of ideal orientation f = I. 
Hermans and Platzek [3.4] proved that the "optical orientation factor" 
f could be correlated with the angle of average orientation <P by the 
formula: 
3 
f = 1 - - sin2<p ------------- (3) 
2 
which is equivalent to equation (I). 
A significant change in orientation apparent in x-ray photographs of 
PEEK by Wu [I] only produced a small change in f(<p) and therefore 
this does not seem a very sensitive function. <p is only an average 
angle of orientation and different distributions may produce similar 
average angles. 
The x-ray beam was collimated using a O.5mm collimator and the 
beam stopped with a backs top as can be seen in Figure 2.4. 
Specimens were not rotated. but photographs taken in two mutually 
perpendicular directions. It was necessary to insert a 17.5cm long 
brass tube between the x-ray window and the collimator (see Figure 
2.3) as other equipment prevented the camera from being directly next 
to the x-ray tube as normal. In practise the system worked very well. 
although the distance from the window (and the age of the camera) 
meant that a small amount of scatter from the main beam could not 
-36-
film 
collimator crystal.,. ~-1~~===1::;:o,r~T--'-'-"":::' direct ·bea m catcher 
--- I ::J. ge.'t-QIl1T===>==t 
worm gear 
motor 
Figure 2.4 Diagrammatic representation of a "Unicam" camera 
be completely eliminated. The x-ray film was wrapped around the 
inside of the "pot" which has a diameter of 5.73cm. A small 
specimen (:dxlxlmm) was cut from each material and mounted on a 
goniometer at the centre of the "pot". 
The camera was mounted on a Philips PW 1130100 generator with a 
PW 2233120 copper x-ray tube. A nickel filter was placed in front of 
the window, as discussed previously. Exposure times of about 2 hours 
were required with generator settings of 40kV and 20mA. The x-ray 
film used was Kodak X-Omatic AR-5 film (13 x 18 cm) with LX-24 
x-ray developer and FX-40 x-ray liquid fixer. 
2.5 RESULTS 
The materials examined are listed in Table 2.1 together with the 
results obtained. Figures 2.5 and 2.6 show a selection of x-ray 
photographs. It is difficult to quantify the amount of orientation 
present using the "Unicam" camera because the diffracted rays all 
traverse paths of different lengths before reaching the x-ray film. 
However, comparison with the paper by Wu [I] suggests Hermans 
orientation functions f(<1» of less than 0.4 for specimens which showed 
some orientation. As shown above, perfect orientation would give f(<1» 
=1. 
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TABLE 2.1 
Polymer Crystallinity 
Low density polyethylene rod moderate 
High impact polyethylene rod good 
ex Polypenco 
Nylon 66 rod "wet" moderate 
ex Polypenco, QCR 028876 
Polyethersulphone plaque amorphous 
ex rCI, "Victrex" PES 41 OOG 
Polycarbonate rod amorphous 
er 307906 6mm diameter 
Polypropylene rod moderate 
PP 307910 10mm diameter 
Polyetheretherketone mod-Iow 
er 307910 6mm diameter rod 
Polyetheretherketone plaque mod-Iow 
ex ler, "Victrex" PEEK 380G 
Polyetherketone plaque mod-Iow 
ex rCI, "Victrex" PEK 220G 
Self-reinforcing polymer SRP I low 
low", 30 - 40 % 
moderate", 40 - 50 % 
good >60 % 
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Orientation 
unoriented 
unoriented 
unoriented 
unoriented 
unoriented 
some orientation 
unoriented 
some orientation 
some orientation 
well oriented 
2.6 DISCUSSION 
2.6.1 Un oriented polymers 
X-ray diffraction photographs are shown in Figure 2.5. Low density 
polyethylene, high impact (high density) polyethylene, nylon 66 and 
PEEK rod were all crystalline and did not show any evidence of 
orientation of the crystalline material. Polycarbonate and 
polyethersulphone were both amorphous (as is normal for these 
polymers) and unoriented. 
2.6.2 Polymers showing evidence of orientation 
2.6.2.1 Polypropylene 
The polypropylene rod was crystalline but showed a small amount of 
orientation as can be seen in Figure 2.6(a). The unit cell of the a-form 
of isotactic polypropylene is monoclinic with unit cell dimensions 
a = 6.67}.., b = 20.94}.., c = 6.495}.., /3=99.62°. [5] 
The molecular chains form a helix and lie along the c-axis of the unit 
cell. Examination of the x-ray pattern obtained from the polypropylene 
rod (Figure 2.6(a» shows that the 110 reflection is slightly enhanced 
on the meridian and the 040 reflection slightly enhanced on the 
equator. This is unlike that of the normal fibre (c-axis) type orientation 
where both 110 and 040 reflections lie on the equator. An 
explanation for this is discussed below. 
Calculations can be made using the "Reciprocal lattice", a construction 
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(a) High density polyethylene 
rod 
(c) Nylon 66 rod 
(e) Polycarbonate rod 
(b) Low density polyethylene 
rod 
(d) PEEK rod 
(f) Polyethersulphone plaque 
Figure 2.5 X-ray diffraction photographs of 
un oriented samples 
(b) PEEK plaque 
(a) Polypropylene rod 
b-axis 
vertical 
Polypropylene 
a-axis vertical 
(c) PEK p laque 
(d) liquid crystal polymer 
moulding 
Figure 2.6 X-ray diffraction photographs of samples showing some 
orientation 
---------- ----
helpful for many x-ray crystallographic problems. (See Bunn page 154 
for an explanation of this (6).) Appendix 2.1 gives calculated lattice 
spacings obtained assuming that the a*-axis (reciprocal lattice axis) of 
the unit cell of polypropylene is vertical. Because the unit cell is 
monoclinic the a and a* axes are not exactly -parallel. Comparison 
with x-ray photographs taken of the rod indicates that, although the 
bulk of the material appears unoriented, there is a slight tendency for 
the a-axis, or a*-axis (see later), to lie along the length of the rod. 
This is illustrated using an overlay with Figure 2.6(a). 
It is well known that chain folding occurs in single crystals of simple 
planar zig-zag chain molecules such as polyethylene, while the helices 
themselves fold in a helical polymer like polypropylene [7]. If one 
segment of a polymer molecule becomes attached to one of the thin 
edges or steps of the growing crystal successive segments of the same 
molecule occur on the immediately adjacent sites. This deposition 
evidently takes place by the folding up and down of successive 
segments of the chain until the whole molecule is attached forming 
lamellae (or platelets) as illustrated in Figure 2.7(a). Lamellar 
crystallites are also formed in the bulk and chain folds are thought to 
be more like those in Figure 2.7(b). Single crystals of polypropylene 
were found by Saur et al [8] to contain molecules which folded in such 
a way that the a-axis was parallel to the long axis of the lamellae (see 
Figure 2.7(a». 
The morphology of solidification in the bulk of semi-crystalline 
polymers from the melt in the presence of substantial flow is 
characterised by lamellar crystallites oriented perpendicular to the 
flow direction [9]. The existence of a nucleus made up of microfibrils 
has been proposed which forms in the melt parallel to, and as a result 
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Figure 2.7(a) Diagrammatic representation of chain folding in polymer 
single crystals 
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Figure 2.7(b) Schematic representation of a composite fold surface in bulk 
polypropylene 
of, flow [10,11]. These nuclei would serve as a central thread from 
which sets of lamellae could grow normal to them. In all materials 
studied the morphology consists of lamellar platelets oriented 
perpendicular to the flow direction with their chains parallel to the 
flow. However, polypropylene exhibits a second set of x-ray diffraction 
arcs corresponding to crystals in which their chain axes are 
perpendicular to the flow direction. This bimodal, or two population, 
microstructure appears to be a unique property of isotactic 
polypropylene. Andersen and Carr [9] detected the presence of a 
primary population of crystallites whose c-axes were parallel to the 
flow axis, as well as a secondary population of crystals whose a-axes 
were nearly parallel to the flow axis. Recent work suggests that the 
a*-axes are parallel to the flow axis [12]. It seems strange that a 
"theoretical" axis is so important until it is realised that the a* axis is 
normal to the c-axis and thus must lie along the long axis of the 
lamellae. 
Several theories have been considered as to why this special bimodal 
crystal texture occurs in polypropylene [9]. This bimodal 
microstructure, or crystallographic branching, occurs under nearly 
every crystallisation condition of the a-form of isotactic polypropy1ene. 
A more recent explanation by Lotz and Wittmann [13] is based on 
analysis in molecular terms of the geometrical and structural models 
of Padden and Keith [14] and Binsbergen and de Lange [15], 
respectively. This intercrossing of lamellae corresponds, structurally, to 
epitaxy of one lamella on the lateral (0 I 0) faces of another lamella. 
The epitaxy is favoured by a satisfactory packing of the molecular 
subgroups (methyl side chains) of facing planes and by the similarity 
in length of the a and c unit cell parameters. On a molecular basis, 
the branching is initiated on a lateral (0 I 0) face made up of chains of 
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a given hand by the deposition of helical chains of the same hand 
whereas the crystal structure of the monoclinic a-form of 
polypropylene contains chains of the opposite hand. Favourable 
interactions of side chains of helices of the same hand is only possible 
when the helix axes are at a substantial angle (,., I 00°) to one another. 
On this basis, the widespread occurrence of in tercrossing lamellae in 
the crystallisation of the a-form of isotactic polypropylene is 
accounted for, especially for high growth rates. The specific branching 
observed is explained by stringent geometrical and structural 
requirements that must be fulfilled at the contact plane. 
2.6.2.2 PEEK and PEK plaques 
The PEK 220G and PEEK 380G plaques were both crystalline but a 
small amount of orientation was detected, as can be seen in Figures 
2.6(b) and (c). (The x-ray patterns of PEK and PEEK are almost 
identical because of similarities in their chemical repeat unit as 
described by Dawson and Blundell [16].) X-ray photographs were 
taken at the surface and core of plaques. A PEEK plaque showed 
similar degrees of orientation at the surface and core. However, no 
orientation was observed in the core of a PEK plaque, although this 
may not be true over the whole plaque. Variations were observed at 
different regions in the plaques. This orientation did not appear to 
have a marked effect on the stress-strain behaviour since specimens 
taken at different positions in the plaques gave similar stress-strain 
curves. Indeed, PEEK rod, which appeared unoriented, showed similar 
stress-strain behaviour to PEEK 380G plaque (see chapter 3). 
The x-ray pattern of a drawn fibre of PEEK (Figure 2.2(b» has both 
the I 10 and 200 reflections lying on the equator. This is not so for 
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the oriented region of a plaque where the 110 reflection has partially 
resolved into four arcs above and below the equator, although this is 
not clear from the print of the x-ray photograph (Figure 2.6(b». 
Calculations shown in Appendix 2.2 were made assuming the b-axis 
of the unit cell was vertical. Figure 2.6(b) shows that the orientation 
observed in the specimen is slightly tilted from the vertical in that the 
200 and I 10 arcs are slightly tilted from the equator and meridian 
respectively. However, use of an overlay indicates that the b-axis of 
the specimen is approximately vertical. The pattern obtained for 
PEEK fits that of PEK (Figure 2.6(c» because of the similarities in 
structure mentioned above. Thus, in some cases, the impact specimens 
cut from the plaques were slightly oriented with the b-axis tending to 
lie in the plane of the plaque and perpendicular to the direction of 
impact (see Figure 2.S(a». The dimensions of the orthorhombic unit 
cell of PEEK were taken as 
a = 7.75A, b = 5.S6A, c = lO.oA [16] 
The presence of this type of orientation in PEK and PEEK mOUldings 
is similar to that observed by Lovinger and Davis [17-19] in PEEK 
spherulites. The long axis of PEEK spherulites in thin films melt 
crystallised and solution grown from benzophenone and 
a-chloronaphthalene was found to correspond to the b-axis of the unit 
cell, while their transverse direction corresponded to the a-axis and 
the thickness direction to the molecular c-axis (see Figure 2.S(b». To 
understand the reason for the presence of this type of orientation it is 
necessary to examine the molecular conformation and chain packing 
of PEEK. This is shown schematically in Figure 2.9 taken from 
reference [I S]. The molecules are located at the corners and centre of 
the orthorhombic unit cell, in such a manner that the backbone 
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Figure 2.8(a) Idealised crystaIlographic orientation in PEEK moulding 
a (-- long axis 
b 
Figure 2.8(b) The crystaIlographic orientation in PEEK lamellae 
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Figure 2.9 Projection of (a) the unit cell of PEEK along the c-axis 
(b) the molecular conformation of PEEK 
along the a-axis 
zig-zag planes are parallel to the b-axis. The fact that these backbones 
are all aligned in the b direction would be expected to favour growth 
along this direction. Lovinger and Davis [19] also found that the 
surface morphology of thick samples crystallised under controlled 
conditions showed great similarity to that observed by them in thin 
films. 
Hsiung et al [20] made injection moulded tensile bars and found that 
PEEK showed a largely amorphous structure when moulded at low 
temperatures with highly localised shear crystallised zones below the 
surface. At high mould temperatures (200-300°C) samples were found 
to be uniformly crystalline. X-ray studies suggested that the chain 
axes (c-axes) were primarily oriented along the flow direction 
indicating uniplanar axial symmetry at the skin which converted to 
isotropy in the core of the samples. No "b-axis" orientation was 
observed but the geometry of the tensile bars is quite different from 
the injection moulded plaques examined in this thesis. The detailed 
knowledge required to explain the orientations observed in injection 
moulded specimens does not exist at present [21]. Oriented samples 
produced by hot rolling [I] indicated a strong preference for the 
crystallographic c-axis to be arranged along the draw direction in the 
plane of the specimen. 
A review on the crystallisation and structure-mechanical property 
relations in PEEK was carried out recently by Medillin-Rodriguez and 
Phillips [21]. They reported the presence of "b-axis" orientation in 
solution grown, thin film and bulk specimens as discussed above. 
Possible reasons for the presence of multiple melting peaks were 
discussed, and chain microstructural impurities and varying molecular 
weight suggested as possible causes. The lack of in-depth structural 
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studies using advanced techniques such as NMR make it impossible to 
eliminate such problems at this stage for PEEK. 
There is considerable evidence suggesting that when PEEK is used as 
a matrix for fibre reinforcement the fibres are effective nucleating 
agents which at the same time cause morphological changes. Melt 
temperatures and times are of extreme importance, and confusion in 
the interpretation of literature data is said to arise because of the 
conditions recommended by lCl for the cure of PEEK composites. 
They recommend a melt temperature of 382°C while the equilibrium 
melting point has been claimed as 395°C, although this still requires 
satisfactory confirmation. Significant changes in nucleation density are 
only achieved after holding at 410°C or above for several minutes. 
Almost exclusively transcrystalline growth can be achieved if a 
composite is held in the melt as described above. Medillin-Rodriguez 
and Phillips claim that data, which cannot be compared because of 
significantly different experimental details, are giving rise to 
controversies which may have no need to exist. 
Despite the state of confusion which is said to exist it is important to 
recognise the significance of transcrystalline growth in composites and 
its rate of formation to the development of properties. It is generally 
recognised that deterioration in strength occurs whenever impurities 
become segregated through the crystallisation process. It may be the 
impurity network that determines a crystal parameter. The relationship 
between spherulite size, segregation effects and transcrystalline 
growth is very complex requiring further investigation. 
Crystallisation conditions have a marked effect on the crystallinity of 
PEEK. PEEK is said to be one of a group of polymers which gives 
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rise to a three-phase structure due to the development of a rigid 
amorphous phase between the crystals and the true amorphous phase 
composed of random chains. The interpretation of bulk crystallisation 
data is not simple. Many problems sti11 exist in the understanding of 
the crystallisation and melting behaviour of PEEK and PEK. Many of 
these arise because of a limited understanding of crystal growth in 
semi-rigid polymers as a general class. This state exists because these 
polymers have considerable difficulty in forming folded surfaces 
comparable to those generated by the flexible chain polymers most 
commonly studied. 
A recent study on PEK by Waddon, Keller and Blundell [22] showed 
that some chain folding occurred with domains elongated along the 
b-axis, consistent with the overall morphological observation of the 
knobbliness and preferred growth direction pointed out by Lovinger 
and Davis [18]. Unlike a more flexible chain such as polyethylene, the 
comparative chain inflexibility of PEK suggests that the molecules 
cannot fold back adjacently, but only over more than one, possibly 
several, stem repeat distances. Thus it is to be expected that folds will 
not re-enter adjacently and the fold surface will probably be irregular, 
and consequently disordered to a large extent. 
Detailed studies of structure-property relations in PEEK have been 
impaired by the difficulties involved in specifying the morphology. 
Medi11in-Rodriguez and Phillips [21] conclude that there has been 
little progress in understanding the influence of morphological features 
and there is obviously much work to be done. Recent work by 
Waddon et aI [22] indicates that some chain folding occurs in PEK 
but they suggest that the issue should be pursued further, for example 
by measuring lattice strain and comparing the behaviour of chains 
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with systematically varying chemical constitution. 
2.6.2.3 SRP self-reinforcing "liquid crystal" polymer 
The dumbbell shaped specimen of this material showed low 
crystallinity, fibre type, orientation, due to the presence of "liquid 
crystals" present as small crystalline regions in an amorphous matrix 
as described in the IeI trade literature. The small amount of 
crystallinity present in the x-ray diffraction pattern is not clear from 
the photograph in Figure 2.6(d). 
2.7 CONCLUSION 
Low density polyethylene, high impact (high density) polyethylene, 
and nylon 66 rods were all crystalline and appeared unoriented by 
x-ray diffraction. 
A polyethersulphone plaque and polycarbonate rod were both 
amorphous and unoriented. 
Polypropylene rod was crystalline but showed evidence of a very small 
amount of orientation which indicated that the chain axes had a slight 
tendency to lie perpendicular to the length of the rod. This is thought 
to be caused by intercrossing of lamellae which corresponds to epitaxy 
of one lamella on the lateral faces of another lamella. The epitaxy is 
favoured by a satisfactory packing of the side chains of facing planes 
and by the similarity in length of the a and c unit cell parameters. 
PEEK and PEK plaques were both crystalline and some orientation 
was present. This indicated that the b-axis was tending to lie in the 
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plane of the plaques but reasons for the preference for this type of 
orientation are not fully understood. Much work remains to be done 
on the morphology of PEEK and PEK before a clear explanation can 
be found. PEEK rod was also crystalline but did not show any 
evidence of orientation. 
The SRP "liquid crystal" polymer showed evidence of low crystallinity. 
fibre type orientation due to the presence of small crystalline regions 
in an amorphous matrix. 
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APPENDIX 2.1 
Polypropylene 
Monoclinic unit cell. 
a: 6.67A. b: 20.94A. c : 6.495A. p: 99.62° [5] 
a* : I la sinp : 0.2344. b* : lIb: 0.0736. c* : 1/c. sinp = 0.2408. 
p* : 180-P = 80.38° 
d* 110 = 0.246. d* 130 = 0.322. d* .. o = 0.2945 
Consider zero layer reflections where the a*-axis is vertical with the 
b-axis horizontal and random around the a*-axis:-
sphere of 
reflect ion )\ 
a* 
_:.-.~~_ :-\~{?~~:_.130 
040 
-- - O -' -.----- b* 
The 040 reflection will cut the sphere of reflection on the equator. 
while the 110 and 130 reflections will cut above the equator. 
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For 1\0 
* d 110 = OX = 0.246 
I; = a* = 0.2344 
and I; = y (d*1I02-1;2) = y(0.2462-O.23442) 
= 0.075 
Similarly for 130 
d*'30 = 0.322 
I; = 0.2344 
I 
I * Id: 
, . 
:1 
and I; = y(d*'30L I;2) = y(0.322L O.23442) 
= 0.221 
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APPENDIX 2.2 
Polyetheretherketooe cPEEK> 
Orthorhombic unit cell. 
a = 7.75A. b = 5.86A. c = 10.OA [4] 
a* = Ila = 0.1989. b* = lIb = 0.2631. c* = lIe = 0.1542 
d*lIo = 0.330. ct\oo = 0.398 
Consider zero layer reflections when the b-axis is vertical wi th the 
a-axis in the transverse direction:-
sphere of 
ref lectiori ~ \ 
<.' .-.... \ 6 i.': ~ '.-.-.• 110 
/ 
/ 
200 
o 
b 
c* 
The 200 reflection will cut the sphere of reflection on the equator. and 
the 110 reflection wiIl cut above the equator. 
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/Ta 
For 110 
d*lIo = 0.330 
,=0.2631 
s = v(d*lIoL ,') = v(0.330L O.2631') = O. I 99 
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CHAPTER 3 
3. THE RESPONSE OF POLYMERS AT ROOM TEMPERATURE TO 
UNIAXIAL LOADING (1) USING AN "INSTRON" 
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3. THE RESPONSE OF POLYMERS AT ROOM TEMPERATURE TO 
UNIAXIAL COMPRESSIVE LOADING (1) USING AN "INSTRON" 
3.1 INTRODUCTION 
This chapter describes part of the programme to investigate the 
response of polymers at room temperature to uniaxial compressive 
loading at high rates of strain. The aim is to cover strain rates to 
large strains (>1) using an "Instron" (at a strain rate of -1O·2sec-1) 
and a drop-weight impact machine (at a strain rate of -I 03sec-1) - see 
Chapter 4. Very few papers have been found which relate to 
compression testing at the lower rates and most of the drop-weight 
impact testing described in the literature involves fracturing the 
specimens, rather than compressing them. Publications and results on 
a series of polymers using an "Instron", a drop-weight machine and a 
split Hopkinson Pressure Bar are described in papers by Walley, Field, 
Swallowe and Mentha [1-4]. The drop weight impact tester which will 
be used is similar to that described by Field, Swallowe, Pope and 
Palmer [5], and by Swallowe in his Ph.D thesis (1979). 
Two papers have been found which compare results in compression 
and tension. Haward, Murphy and White [6] discussed the relationship 
between compressive yield and tensile behaviour in glassy 
thermoplastics. They found the ratio of tensile to compressive yield 
stress to be about 0.9, depending on the polymer. However, this only 
applied to moderate strains. Opperman and Rennar [7] have more 
recently (1987) carried out experiments on a poly (dimethylsiloxane) 
crosslinked network in uniaxial tension and compression on one 
specimen in one apparatus during the same experiment. They found 
that the deformation was completely reversible and there was a 
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smooth transition from compression to extension. Once again, this 
only applied to low strains (-20-30% in both directions). 
The technique discussed in this chapter involves using an "Instron" 
tensile tester, compression being effected between two approaching 
flat surfaces, at a strain rate of -3 x 1O-2sec-1• The polymers used are 
described in Table 3.1. 
3.2 EXPERIMENTAL 
Compression was carried out using an "Instron" tensile tester table 
model 1026 with load cell type 2512-1 10 as shown in Figure 3.1. 
This enabled a maximum load of 500Kg to be applied. Compression 
was achieved by fitting a compression chuck, a photograph of which is 
shown in Figure 3.2. The maximum strain reached was determined by 
the limitations of the "Instron". All experiments were carried out at 
room temperature. Solid cylindrical specimens, measuring ",6mm 
diameter and -4mm high, were generally machined from larger 
mouldings. This specimen size was thought to be suitable because 
slender specimens tend to buckle, and short, wide specimens may not 
be under uniaxial compression because of frictional restraints at the 
end faces. 
The top and bottom surfaces of the specimens were lightly sprayed 
with aerosol silicone grease to try to avoid frictional restraint. When 
petroleum jelly was used, the specimens tended to slip out of position. 
The geometry of the original samples is given in Table 3.1: they were 
either extruded rod or injection moulded plaques. Initially the 
specimens were machined with their length along the extrusion 
direction of the rods or the depth of the plaques. An aluminium 
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TABLE 3.1 
Yield stress, yield strain and Young's modulus in the"Instron" at a strain 
rate of -3 x 10-2s-1 
Polymer Yield str!;ss - Yi!;ld strain - Y QJ.!Og·s mQdulus 
Mfa ~ Q.fa 
Semi-C!)'stalline PQlyme[s 
Low density 13.5 5 0.25 
polyethylene rod 7 
High impact 17 3 0.7 
polyethylene rod 80 
Polypropylene 39-48.5 5 0.9 
PP 307910 rod 
"Liquid crystal" 54.5 5 1.4 
polymer SRP I 
moulding 
Polypenco nylon 66 -70-90 2 3.1 
annealed rod 
QCR 028876 "wet" 
"Victrex" PEEK 380G 119 3 2.4 
plaque 
"Victrex" PEK 220G no yield 4.2 
plaque 
AmQrphQUS PQlyme[s 
Polycarbonate 67.5 2 2.05 
GT 307906 rod 
"Victrex" PES 41 OOG 103 3 1.87 
plaque 
Figure 3.1 "Instron" tensile tester model 1026 
Figure 3.2 Compression chuck used on the "Instron" 
sample of extruded rod, which had been machined and then annealed 
at 400°C for 2 hours, was also tested. 
Load versus jaw displacement was recorded on the "Instron" chart 
recorder, and the jaws were driven apart (thus compressing the 
specimen) at a rate of 5mm/min. The instrumental correction was 
obtained by first running the instrument without a specimen, and then 
subtracting the displacement obtained for a particular load from that 
of the specimen (see Figure 3.3). The "Instron" load cell was 
calibrated electronically, as described in the instruction manual. 
Similar results were obtained by calibrating with a 5Kg weight. The 
accuracy of the measurement of the jaw displacement (i.e. reduction in 
specimen size) was checked by measuring the height of aluminium 
specimens before and after compression. The displacement was found 
to be accurate to within 0.02mm. The polymer specimens all 
recovered a certain amount of height after compression because of 
elasticity. 
Compression was also carried out on three polymers with the jaws 
driven apart at rates of 0.5 and 50mm/min to investigate the effect of 
strain-rate. PEEK, high density polyethylene and polycarbonate were 
chosen as they covered the range of polymers investigated. 
3.3 STRESS-STRAIN ANALYSIS 
The corrected data obtained for load versus displacement were fed 
into a BBC-2 microcomputer using the "Lab Assistant" program 
devised by "Procyon Research". Stress-strain data was obtained using 
the following equations: 
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Blank 
Load kg 
o -5 1 1·5 
Corrected 
Aluminium 
Uncorrected· 
Aluminium 
2 2-5 
Displacement mm 
Figure 3.3 Deduction of instrumental displacement for "Instron" 
F 
In compression, 0 = - ...................... (1) 
Ao 
where 0 is compressive stress 
F is compressive force 
Ao is original cross-sectional area 
(f-fo) For small strains, € = --- ............... (2) 
fo 
where € is compressive strain 
fo is original length 
f is final length 
True strain, at large strains, 
€True = - In (f/fo) 
From (2), (e/fo) = 1 - € 
therefore, true strain, €Tru. = -en (1 - €) ••••••••... (4) 
N.B. when strain is small, € = €Tru. 
During compression, the cross-sectional area of a specimen increases 
so that ·the true stress is smaller than the stress calculated in equation 
(1). The true stress is the force per unit area at any time, If the 
volume remains constant, the area A at any time can be calculated 
from the original area Ao by 
Aofo A=--, 
f 
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F e F 
hence True stress UTrue = - . - = - (1 - €) 
, A" eo A" 
UTrue = u( 1 - €) •••••••••••••••• (5) 
Calculations were carried out using equations (4) and (5) for true 
stress UTrue and true strain €True. 
d€ d€ de 
Strain rate, € = -~ = -~ . -
"T dt de dt 
from (4), true strain, €True = -In(elfo) 
1 de 
therefore € = - -
~ f dt 
when t = 0, deldt = v and e = eo 
therefore, €o = - v/fo 
T 
where v is the speed of the test. Typically for these experiments, €o = 3 
T 
3.4 RESULTS 
Figure 3.3 shows a plot of load versus displacement at a strain-rate of 
-3 x 1O-2s-1 for aluminium after subtracting the instrumental 
correction, as described in section 3.2. Three specimens of each 
material were tested and results found to be reproducible, although 
some variation was found for nylon 66 (see below)_ Stress-strain 
curves obtained for the polymers at a strain rate of -3 x 10-2s-1 are 
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Figures 3.4 to 3.13 True stress versus true strain for polymers 
at a strain rate of -3 x IO-2sec-1 
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Figure 3.6 Stress-strain curve for polypropylene 
at a strain rate of 3 x 10-2s-1 
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Figure 3.7 Stress-strain curve for SRP1 
(j) 
(j) 
Q) 
L 
-I-' 
(J) 
-
120-
-
-
-
-
80-
-
-
. 
+ 
40- * 
-
~ 
-
o ., , 
0.0 
at a strain rate of 3 x 10-2s-1 
'I "" 1 "" I" '"I''' '" 0.2 0.4 0.6 0.8 1.0 
St ra i n 
Figure 3.8 Stress-strain curve for nylon 66 
at a strain rate of 3 x 10-2s-1 
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Figure 3.10 Stress-strain curve for PEK 220G 
at a strain rate of 3 x 10-2s-1 
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Figure 3.11 Stress-strain curve for PES 4100G 
at a strain rate of 3 x 10-2s-1 
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discussed below. The crystallinity and orientation of the materials are 
described in Chapter 2. Values for yield stress, yield strain and and 
Young's modulus are given in Table 3.1. 
Yield stress and yield strain were measured at the "extrapolated yield 
point" as defined by Fotheringham and Cherry [8]. For materials 
which show a progressive increase in compliance but which have two 
distinct linear regions of different slope in their stress-strain curve, a 
yield point may be defined by extrapolating the two linear regions to 
the point of intersection, which effectively assumes that two different 
mechanisms are responsible for the deformation in the respective 
linear portions of the curve. Some polymers showed a distinct peak at 
yield before softening. In these cases, yield stress was taken as the 
peak value and yield strain was taken at this point. Young's modulus 
was taken as stress/strain for the initial linear portion of the curve. 
From Tables 3.1 and 1.1 it can be seen that yield occurred below 10% 
strain and the stiffness of the material increased as the polymer 
chains became stiffer. The effect of the structure of the polymer chains 
is discussed in detail in Chapter 4. Measured values of Young's 
modulus agree fairly well with those quoted in the manufacturer's 
trade literature. 
3.4.1 Semi-crystalline polymers 
Low density polyethylene rod 
This polymer had a low yield stress of l3.5MPa and stress only 
increased slightly with increasing strain. 
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High impact <high density) polyethylene rod 
This material had a slightly higher yield stress of 17MPa and stress 
increased gradually with strain. There was evidence of strain 
hardening as shown by a slightly faster increase in stress at about 
70% strain. No evidence of crystalline orientation was seen in x-ray 
photographs, but it is possible that some undetected amorphous 
orientation could be present. Specimens were machined perpendicular 
to the extrusion direction of the rod and tested to check for any 
variation in stress-strain behaviour. Yield stress was similar but stress 
increased very slightly quicker than for the original specimens and no 
marked evidence of strain hardening could be seen. 
Polypropylene rod 
This polymer yielded at a yield stress of about 40MPa. There was 
possibly some evidence of strain softening but stress remained 
approximately constant for the duration of the test. Specimens cut 
perpendicular to the extrusion direction of the rod gave a higher yield 
stress of ",45MPa and again showed some evidence of strain softening 
while yield stress remained approximately constant. As discussed in 
Chapter 4 some orientation was present in the rod which could 
account for the differences in yield stress in the different directions. 
Self-reinforcing "liQJ.Iid crystal" polymer SRP I plaque 
This material showed a yield stress of 54.5MPa and stress then 
increased gradually with strain. Because of the preferential orientation 
present in the material (see Chapter 2) the specimen became elliptical 
in shape during compression. 
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Nylon 66 rod 
This material is known to absorb water and is often tested after 
drying to eliminate any affect the presence of water may have. These 
specimens were tested without drying as the intention was to 
determine stress-strain behaviour under service conditions. However, 
the results for nylon 66 were somewhat variable with the specimens 
showing a yield stress of between 70-90MPa. This may be because of 
variable moisture content of the specimens or, alternatively, because 
the sample of rod was rather old and/or the morphology was not 
uniform. No obvious orientation was observed (see Chapter 2), 
although it is possible that some undetected amorphous orientation 
was present. 
Specimens were cut perpendicular to the extrusion direction of the 
rod. A yield stress of over IOOMPa was produced but stress did not 
increase quite as quickly as for the original specimens. 
PEEK plaqJle and rod 
A yield stress of ll9MPa was observed for the plaque followed by 
some strain softening. Strain hardening commenced at ",15% strain. 
The rod showed a slightly higher yield stress of =:: l28MPa followed by 
strain softening but no evidence of strain hardening for the duration of 
the test (up to =::25% strain). As found from x-ray photographs in 
Chapter 2, the plaque was slightly oriented while the rod did not show 
any evidence of orientation. 
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PEK plaque 
Purely elastic behaviour was observed under these conditions of 
testing with stress increasing sharply with strain. A strain of only ",,5% 
was reached before the limits of the "Instron" were attained and an 
elastic modulus of 4.2 GPa was measured. 
3.4.2 Amorphous polymers 
Polycarbonate rod 
Specimens of 2, 4 and 6mm height were tested and showed similar 
stress-strain curves showing that specimen height did not have a 
marked effect. Yield (yield stress 67.5MPa) was followed by marked 
softening before strain hardening began at :::50% strain. 
PES plaque 
A yield (yield stress 103MPa) was followed by sharp softening before 
strain hardening commencing at :::30% strain. The shape of the curve 
was rather similar to that of polycarbonate. 
3.5 DISCUSSION 
Of all the semi-crystalline polymers examined, only PEEK showed 
clear evidence of strain softening while both the amorphous polymers 
showed marked evidence of strain softening. These differences in 
behaviour are thought to be caused by transitions in the materials, 
such as glass-rubber transitions and secondary transitions. PEEK is 
only poorly crystalline and the amorphous portion of the material 
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would be expected to make a significant contribution to its behaviour. 
This is discussed further in Chapter 4. 
Three polymers were also compressed at strain rates of -3 x 10-3 and 
-3 x 10-ls-1 in the "Instron". Stress-strain curves of PEEK, high 
density polyethylene and polycarbonate are plotted on Figure 3.14-
3.16 for the three rates used in the "Instron" and show that yield 
stress increased very slightly with strain-rate, although this appeared 
more marked at the fastest strain-rate. in fact, for polyethylene the 
curves at the two lowest rates almost coincided. These results are 
discussed further in Chapter 7. 
Stress-strain curves at the fastest rate in the "Instron" were obtained 
by measuring load and displacement in a slightly different manner. 
This may account for the proportionally higher stress obtained for a 
given strain compared with the two lower rates although care was 
taken to eliminate error in the stress measurement. A load cell was 
used rather than the chart recorder as the chart recorder could not 
cope at this fast rate. A 1000 Kgf load transducer (Maywood 
Instruments Ltd.) was linked to a Viglen II PC via a Thurlby DSA 
524 digital storage adaptor to obtain a plot of load versus time. A 
calibration of load versus voltage was obtained using the chart 
recorder at constant load values without a specimen present. Attempts 
to measure displacement using a TML Displacement Transducer UB-5 
(Tokyo Sokki Kenkyujo Co. Ltd.) have not yet been successful because 
of the large amount of mains interference present compared to the 
size of the signal. Displacement was measured by treating the DSA 
record in the same way as the chart recorder output and taking 
displacement to be proportional to time. 
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3.5.1 Effect of friction 
It is well known that inaccuracies can occur in the first part of a 
stress-strain curve. Kukureka and Hutchings [9] used a gravity driven 
pendulum with a strain rate of approximately 300-500sec-'. They 
mentioned that problems arose near the origin of their results which 
were attributed to a more gradual increase in contact pressure. and in 
true contact area. than would occur in the ideal case. Attempts have 
been made here to eliminate these problems. The shape and size of 
the specimens were chosen to eliminate errors as discussed earlier. 
and the ends of the specimens were sprayed with aerosol silicone 
grease to try to avoid frictional restraint. This is a technique found to 
be successful in this laboratory. If petroleum jelly was used the 
specimens tended to slip out of position. Haward. Murphyand White 
[6] use a technique by Cooke and Larkes for eliminating end effects. 
Their method involves the compression of test pieces of identical 
cross-section and varying length. A load-strain plot was produced for 
an idealised test piece in which frictional effects could be discounted 
and a true streSs-strain curve could be produced. 
In a study by Chou. Robertson and Rainey [10]. using cylindrical 
specimens of 3/8in. diameter and Il2in. height. all specimen ends 
were lubricated with "Molykote". A small amount of barrelling was 
observed at strains below I 0%. This effect of the end constraint on the 
results due to friction was estimated at less than 3% at the maximum 
strain of 20%. 
An attempt has been made to check for any barrelling by taking a 
video film of specimens during compression in the "Instron". The 
video camera used was a Panasonic WVP-FIOE with a Sony "Super 
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Beta hi-fi" video recorder, and using Sony Dynamicron PRO-X/L-250 
tape. A grid was placed over the monitor screen but it was difficult to 
make accurate measurements. A photographic method was attempted, 
as described in section 3.5.2.2 below, and a small amount of barrelling 
was apparent for high impact polyethylene after "",30% strain (see 
Figure 3.18). 
3.5.2 Poisson's ratio 
3.5.2.1 Theory 
The calculation of stress was based on the assumption that the volume 
of a polymer remains essentially constant under uniaxial stress 
conditions. However, polymers are said to generally increase their 
volume under uniaxial tension [11]. When a material is stretched or 
compressed, its length changes as well as its cross-sectional area and 
Poisson's ratio is the constant relating these changes in dimension 
and is defined as 
_ true lateral strain 
v = -----,------,-
true longitudinal strain 
_In (w/wo) 
In (e leo) 
where w is the width during extension or compression 
Wo is the original width 
e is the length during extension or compression 
eo is the original length 
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If volume remains constant, v = 0.5. Generally, polymers increase their 
volume when subjected to a tensile stress, so Poisson's ratio is less 
than 0.5. Poisson's ratio for amorphous polymers lies in the range 
0.35 - 0.50 while for crystalline polymers the range is 0040 - 0.50 
[12]. However problems arise with anisotropic materials where the 
calculations are not as simple and v can be greater than 0.5 in at least 
one direction. Also, materials like polypropylene have been tested by 
Benham and McCammond [11] and found to decrease in volume 
during tensile tests which leads to values of v in excess of 0.5 at long 
elapsed times (beyond 4 x lO's) and high stresses (in excess of 
IOMN/m2). They attribute this effect to an increase in crystallinity 
while the specimen is being tested which causes the material to 
contract. This is unlikely to occur during the relatively short timescale 
of compression of specimens in the "Instron". 
Little has been published on the measurement of Poisson's ratio 
during compression [11,13]. Rigbi [14] surveyed the problems 
involved in the definition of Poisson's ratio and concluded that v is not 
a constant and varies with strain, rate of strain and structure of the 
material. 
3.5.2.2 Calculation of Poisson's ratio 
Attempts have been made to calculate Poisson's ratio from 
measurements made during compression. Experiments were carried 
out using a video camera (as above) and measurements were made by 
placing a grid over the monitor screen. It was difficult to make 
accurate measurements and so a video digitiser was connected to a 
BBC master computer to obtain a printout of the screen. This method 
was still not very accurate as the nature of the printout made it 
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difficult to define the edges of the specimen, as can be seen in Figure 
3.17. 
A photographic method, using a 35mm camera, was found to give 
better definition of the specimen sides although it was still difficult to 
be certain of the height because of the poor contrast between the 
specimen and the steel cylinders. An Olympus OM40 program camera 
was used, together with Olympus bellows and an Ozeck auto zoom 
MC lens, f 205mm. The film was Ilford XP I 400. The camera was 
mounted on a tripod in front of a large lens which magnified the 
specimen being tested on the "Instron". The side of the specimen was 
photographed directly (see Figure 3.18). Compression was carried out 
at a strain rate of -3 x 1O-2s-1 and maximum load 500Kg and 
photographs of high impact polyethylene taken at regular intervals 
using a cable shutter control. Changes in the height and width of the 
specimen were measured directly from photographs. 
Photographs of the base of the specimen were taken during a separate 
experiment by modifying the lower steel cylinder as shown in Figure 
3.19 and proved that the specimen remained circular during 
compression (see Figure 3.20). Evidence of barrelling can also be seen 
in the compressed specimen. 
Beatty and Stalinaker [15] found that plots of true lateral strain El 
versus true longitudinal strain E3 provided a realistic estimation of 
Poisson's ratio for elastomers. Plots of El versus E3 were made for two 
specimens of high impact polyethylene and are shown in Figures 3.21 
and 3.22 respectively and the points were close to a straight line. The 
best straight line passing through the origin was calculated (using 
"Lab Assistant" by a least squares method) and the gradient of the 
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Figure 3.17 Video printout of high density polyethylene 
before compression in "Instron" 
Before compression 
-30% strain 
-80% strain 
Figure 3.18 Side view of high impact polyethylene specimen 
during compression in "Instron" 
Force 
1 
-+----steel 
specimenl---~~~~;:::::-EE:----light 
-7-,01-/--+--- toughened glass 
Camera > 
-+---steel 
polished steel surface 
Figure 3.19 Modification of lower platen to enable photographs 
to be taken of the base of the specimen 
Before compression 
-80% strain 
Figure 3.20 Photographs of base of high density polyethylene 
specimen before and during compression 
Figure 3.21 True lateral strain versus true longitudinal strain 
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Figure 3.22 True lateral strain versus true longitudinal strain 
High density polyethylene Film 3 
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line gave Poisson's ratios vcalc of 0.54 and 0.56. These values are 
high since Poisson's ratio is expected to be less than 0.5 and there is 
thought to be a systematic error in the measurement of the height. 
Similar experiments were carried out by Xinwu Zeng in this 
laboratory [16] using pointers so that the height of the specimen could 
be measured more accurately. Plots of El versus E3 are shown in Figures 
3.23 and 3.24 and more acceptable values for Poisson's ratios vcalc of 
0.39 - 0.43 were calculated for high impact polyethylene taking the 
best straight line through the origin. (Not all of Zeng's results are 
shown here). Errors of -+0.003 were calculated for El and -+0.01 for 
E3. Figure 3.25 shows a typical plot for polypropylene which gave 
values vcalc of 0.36 and 0.39. 
If Poisson's ratio E/E3 is plotted versus true longitudinal strain E3 the 
points are much more scattered (Figures 3.26 to 3.30). Measurements 
are not so accurate at low strains. as shown by the error bars in 
Figure 3.28. vcalc was plotted as a dotted line on Figures 3.26-3.30 
and it can be seen that. in general. the points approach nearer to vcalc 
at higher strains. This method suggests that v is not a constant. At 
low strains. v appears scattered up to -1-2% strain but remains fairly 
constant after this. 
Initial results have made it clear- that the measurement of Poisson's 
ratio of polymers is not straightforward and this will be discussed 
further in Chapter 7. Differences in the rate of compression or tension 
as well as the morphology of the sample may give rise to variations 
and careful investigation of well characterised materials is needed. 
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Figure 3.23 True lateral strain versus true longitudinal strain 
High density polyethylene Zeng test 5 
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Figure 3.24 True lateral strain versus true longitudinal strain 
High density polyethylene Zeng test 7 
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Figure 3.25 True lateral strain versus true longitudinal strain 
Polypropylene Zeng test 12 
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Figure 3.26 Poisson's ratio versus true strain 
High density polyethylene Film 2 
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Figure 3.27 Poisson's ratio versus true strain 
High density polyethylene Film 3 
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Figure 3.28 Poisson's ratio versus true strain 
High density polyethylene Zeng test 5 
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Fi9ure 3.29 Poisson's ratio versus true strain 
High density polyethylene Zeng test 7 
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Figure 3.30 Poisson's ratio versus true strain 
PoJypropyJene Zeng test 12 
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CHAPTER 4 
4. TIIE RESPONSE OF POLYMERS AT ROOM TEMPERATURE TO 
UNIAXIAL COMPRESSIVE LOADING (2) USING A DROP-WEIGHT 
MACHINE 
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4. THE RESPONSE OF POLYMERS AT ROOM TEMPERATURE TO 
UNIAXIAL COMPRESSIVE LOADING (2) USING A DROP-WEIGHT 
MACHINE 
4.1 INTRODUCTION 
This chapter describes the continuation of the programme to 
investigate the response of polymers at room temperature to uniaxial 
compressive loading at high rates of strain. Compression at a strain 
rate of approximately 3 x 1 Q-'sec- I using an "Instron" was discussed in 
the previous chapter. The aim has been to investigate mainly high 
strength polymers, although polyethylene and polypropylene have 
been included as they are in common use. The technique discussed in 
this chapter involves a drop-weight impact tester at a strain rate of 
approximately 7 x lQ'sec- l • 
The mechanical properties of polymers are largely governed by their 
structure, and an explanation of the structure and morphology of 
polymers was given in Chapter 1.2. Table 4.1 gives a list of the 
polymers examined, and their chemical repeat units are shown in 
Table 1.1. 
4.2 DROP-WEIGHT IMPACT MACHINE 
4.2.1 Design of Equipment 
This equipment is similar to that used by Field, Swallowe, Pope and 
Palmer [1] and by Swallowe in his Ph.D. thesis. 
The arrangement of the equipment is shown in Figure 4.1. The 
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TABLE 4.1 
Approximate yield stress and yield strain in the drop-weight apparatus at a 
strain rate of -7 x 1028""1 
Polymer 
Semi-crvstalline polymers 
High density polyethylene 
rod 80 
High density polyethylene 
rod 80 
90· to extrusion direction 
Polypropylene rod 
PP 307910 
"Liquid crystal" polymer 
SRP 1 moulding 
-Yield stress 
MPa 
17 
10 
60 
65 
Polypenco nylon 66 annealed 90 
rod QCR 028876 "wet" 
As above, 90· to extrusion 93 
direction 
"Victrex" PEEK 380G 125 
plaque 
PEEK rod 117 
EK 307910 
"Victrex' PEK 220g 155 
plaque 
Amorphous polvrners 
Polycarbonate rod 66.5 
GT 307906 
"Victrex' PES 4100G 100 
plaque 
''Victrex' PES 41OIGL20 120 
glass filled PES 
-Yield strain 
% 
3.5 
3.5 
3.5 
IQ 
5 
5 
8.5 
6 
7 
5 
9 
5 
-7 
photo diodes 
f-------cspecimen 
ANVIL 
DROP WEIGHT TESTING 
Figure 4.1 Diagrammatic n:presentation of drop-weight machine 
equipment was mounted on a cast iron anvil and consisted of a 
drop-weight W (3.82 Kg) guided by three cylindrical rods. The 
cylindrical specimen (-4mm height x 6mm diameter) was placed 
between two hardened steel rollers (-12.5mm height by Ilmm 
diameter). Roller r2 had two flat surfaces ground opposite to each 
other onto which was attached a matched pair of semiconductor strain 
gauges (gauge factor 136 +5% at 75oF, resistance 350 +10% ohms) 
by a very thin layer of strain gauge cement. The gauges were 
connected in series so that the resistance change induced in the pair 
of gauges during impact would be due to the compressive stresses 
alone. Any bending of the rollers causing an increase in the 
resistance of one gauge should be cancelled out by a decrease in the 
resistance of the gauge diametrically opposite. The gauges used were 
from Kulite Sensors Ltd., type S/UEP-350-090. They were chosen 
because of their small size (gauge length 2.5mm), high output, and the 
fact that they have a linear response over the range of interest. 
A simple measuring circuit was used, as illustrated in Figure 4.2. The 
output was fed to a Philips PM3311 storage oscilloscope interfaced 
with a BBC B microcomputer via an IEEE-488 interface. Triggering 
was done from the output signal itself. The oscilloscope had a delay 
facility and so the initial trace before impact could be recorded. 
On impact, the compression caused a change in the resistance of the 
strain gauges, which resulted in a change in the potential across the 
330 ohm resistor. The oscilloscope was triggered by this drop in 
potential, and the resulting trace on the oscilloscope screen 
represented the variation in voltage across the resistor with time 
throughout the process, as shown in Figure 4.3. A drop-weight of 
3.82 Kg was chosen for polymers as this produced sufficient voltage 
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Figure 4.2 Measuring circuit for drop-weight machine 
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Figure 4.3 Plot of voltage versus time for aluminium 
FILE STORING DATA:ALA2 ALUMINIUM 
CHANNEL A VOLTS SETTING:0.iV/DIV 
TIMEBASE SETTING:SE-~SECS/DIV 
Voltage 
A B time 
in the strain gauges to trigger the oscilloscope, as well as giving a 
clear voltage versus time trace. The surfaces of the specimens were 
lightly greased with petroleum jelly to reduce friction. Other workers 
[2] have shown that petroleum jelly is the most suitable lubricant. No 
filtering was required for noise as can be seen from the signal shown 
in Figure 4.3. 
4.2.2 Measurement of Impact Velocity 
The velocity of the drop-weight W was measured just before impact 
and this measurement was found to be crucial to the accuracy of the 
stress-strain calculations. The measurement was done using a laser 
beam split into two parallel beams by reflection from 2 parallel glass 
slides as can be seen in Figure 4.4. The beams shone onto two BPX 
65 photo diodes 0.9cm apart, and the time taken for the weight to 
fall between the two diodes was measured. This was done using a 
Gould (DSO) 400 dual beam storage oscilloscope. The velocity was 
taken as the distance between the diodes divided by the time taken to 
fall between them. The time was measured at the start of the 
voltage/time peaks for the diodes as shown in Figure 4.5. Attempts to 
design a more sophisticated electronic device have proved unsuccessful 
so far. 
\ 
4.2.3 Calibration of Strain Gauges 
The strain gauges were calibrated staticalIy using an "Instron" TTCM 
up to a force of 5000 Kg. The rollers to be used in the drop-weight 
machine were placed either side of the gauge on compression to 
simulate the conditions under dynamic testing as closely as possible. 
The gauge was connected in series with a 330 ohm resistor (RI)' 
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Figure 4.4 Measurement of impact velocity by recording the time 
taken to drop between two parallel laser beams 
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Figure 4.5 Traces of voltage versus time for two light sensitive diodes 
showing the time taken for the drop-weight to 
fall between the diodes 
across which the voltage was measured with a four figure 8050A 
digital voltmeter. A 15v constant supply voltage was used and 
stabilised as shown in the circuit of Figure 4.2. When the strain 
gauges were compressed the resistance of the semiconductors 
decreased and hence the voltage across RI dropped. The output 
voltage across RI was recorded, enabling a calibration curve to be 
plotted. This was repeated six times and the resulting plot of force 
versus voltage is given in Figure 4.6, the gradient of which gave a 
calibraton factor of 183880 newtonsjVolt (+ 100 newtons/volt). The 
points plotted on the graph coincided for each repeat. 
4.2.4 Accuracy of Drop Weight Machine 
The accuracy of the drop weight machine was checked by impacting 
specimens of pure aluminium which had been annealed at 400°C for 4 
hours. Aluminium was chosen because of its low yield stress and 
because virtually all of the sample deformation on impact is 
permanent. Hence the strain determined by the analysis of the 
voltage-time variation should be equal to the value of strain calculated 
by the measurement of the sample height before and after impact. As 
mentioned above, the measurement of velocity was found to be crucial 
to the final accuracy of the calculations. 
4.3 STRESS-STRAIN ANALYSIS 
The initial data of voltage versus time was analysed using three 
programs written in Basic on the BBC B interfaced with the 
oscilloscope, as described in section 4.2.1. The original programs were 
written by T. Crabbe (a final year project report) but have since been 
modified. Printouts of the programs, described below, are given in 
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Load 
kg 
x103 
5 
4 
3 
2 
1 
o I )16 
-1'5 
Figure 4.6 
Cal ibration of strain gauge 
Gradient = 18,750 kg / volt 
= 183,875 newtons/volt 
-1'6 -1'7 -1·8 volts 
Appendix 4.1. 
4.3.1 MASTER3 
This program transfers information. via the IEEE-488 interface. from 
channel A of the oscilloscope to the microcomputer. It decodes the 
information and reproduces the trace from the oscilloscope. together 
with the time base (s/division) and voltage range (v/division) settings. 
A hard copy of the trace on the plotter (Figure 4.3) and a printout of 
the data are optional. The data can be stored on a floppy disc for 
access later or for analysis using the program DROPW2. 
4.3.2 DROPW2 
This was written to analyse the data stored by MASTER3 of the 
voltage versus time trace. DROPW2 allows analysis to be carried out 
assuming constant sample volume or constant sample area. All of the 
analysis in this report assumes constant volume. 
Figure 4.3 shows a plot of voltage versus time for aluminium. The 
information from the oscilloscope is stored in 256 data points. The 
relevant information is contained in the portion of the trace from A to 
B. The program is able to analyse the data from this region when 
given the array numbers (between I and 256) of points A and B. 
These are determined by studying the trace and printout from 
MASTER3. Care must be taken when determining these points. as 
stress and strain values can vary depending on the points taken. The 
program DROPW2 calculates the average of the previous eleven 
points and subtracts this baseline value from all the points in the 
array. This portion of the voltage-time trace is converted to force 
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versus time using the information of the form given below in an 
aluminium test example including the gauge calibration factor, 
recorded sensitivity and data time interval. 
Typical data for aluminium: 
Constant volume/area NB 
Sample height (m) 
Diameter of sample (m) 
Drop weight mass (Kg) 
Recorder sensitivity (v) 
Gauge calibration factor (N/v) 
Data time interval (s) 
Impact velocity (m/s) 
No start point 
No finish point 
:A 
: 0.003966 
: 0.00593 
: 3.82 
: 0.2 
: 183875 
: 0.005 
:2.5 
: 96 
: 212 
The impact velocity of the weight was measured as described in 
section 4.2.2. 
The program calculates the acceleration by dividing the force by the 
mass of the drop weight, and this in turn is converted to velocity by 
integrating the acceleration-time data. The resulting array is 
subtracted from the impact velocity to give a velocity-time trace for 
the drop weight as shown in Figure 4.7. A second integration gives 
the displacement of the weight as a function of time. This enables the 
sample strain to be determined. For small strains, 
E = -
(e - eo) 
........................... (1) 
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V m/s 
2'5 
2 
1'5 
1 
0·5 
o 
-0 ·5 
1 
Figure 4.7 
Velocity versus time for Aluminium 
2 3 
T x10-3 secs 
where € = compressive strain 
fo = original length of specimen 
f = final length 
True strain, at large strains, 
€True ,,; In(€Ifo) ...................... (2) 
Figure 4.8 shows a plot of true strain versus time for aluminium. 
Strain increases approximately linearly with time until a strain of 
-120% is reached. The maximum strain of 133% obtained from the 
program agrees well with that of 131 % calculated from measurement 
of the specimen before and after compression using equation (2) 
giving an error of approximately 1.5%. 5 tests were carried out using 
aluminium giving an average error of -5% at the maximum strain. 
F 
In compression, a = -
A.. 
............ (3) 
where a = compressive stress 
F = compressive force 
A.. = original cross-sectional area 
During compression the cross-sectional area of the specimen increases 
so that the true stress is smaller than the stress calculated in equation 
(3). The true stress is the force per unit area at any time. If the 
volume remains constant, the area A at any time can be calculated 
from the original area A.. by 
A..fo A=-
f 
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Hence true stress, 0True = - . . ..................... (4) 
A. to 
True stress is plotted against true strain in Figure 4.9. The stress 
immediately drops to zero after impact - ie, when the drop weight 
bounces upwards or stops. 
The program stores arrays for velocity, displacement, stress and strain 
into files VA, DIST, STRESS and STRAIN respectively. These files 
are stored on a floppy disc. 
4.3.3 PLOT3 
This program produces plots of 
a) velocity versus time 
b) true strain versus time 
c) true stress against true strain 
It reads the required data from the files created by the program 
DROPW2. The hard copies were obtained using a PLOTMATE A4M 
plotter. 
The results obtained for aluminium were considered fairly accurate, 
and hence the equipment was used for experiments on a series of 
polymers. No correction was made for the compressibility of the 
system. An experiment was carried out with no specimen present, 
under similar conditions to those used for polymers, but only dropping 
the 3.82Kg drop-weight a short distance. From the maximum voltage 
attained (89v) the load was calculated as 63925 newtons. Assuming 
constant volume and taking the cross-sectional area of roller rl, the 
maximum stress on the system was calculated as 490MPa using 
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Stress 
MPa 
200 
150 
100 
50 
Figure 4.9 
True stress versus true strain 
ALUMINIUM 
·s 1 
Strain 
DROPW2. Young's modulus for steel was taken to be -200GPa, 
therefore: 
the strain on the system €steel = 
a 
= 0.0024 
Esteel 
Thus the strain on the system can be considered to be very small. 
This is discussed further in Chapter 7. 
4.4 RESULTS 
Figures 4.10 - 4.12 show plots of voltage, velocity and strain versus 
time obtained for high impact (high density) polyethylene. It can be 
seen that velocity decreased steadily and strain increased 
approximately linearly with time for the main part of the experiments, 
as for aluminium. Plots of true stress versus true strain of all the 
materials examined are given in Figures 4.13 - 4.26. Three 
measurements were made for each material and results were fairly 
reproducible, although not as reproducible as found for compression in 
the "Instron" in Chapter 3. The stress-strain behaviour of all polymers 
are compared in Figure 4.27. Table 4.1 gives the approximate yield 
stress and yield strain of the materials, measured as described in 
Chapter 3. Young's modulus is not quoted as the initial portion of the 
stress-strain curve was found to be inaccurate. This will be discussed 
later in Chapter 7. 
Before discussing the results in detail it is necessary to consider 
several factors: 
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FILE STORING DATA:PES Figure 4.10 
CHANNEL A VOLTS SETTING:0.iV/DIV 
TIMEBASE SETTING:SE-~SECS/DIV 
volts 
High Impact Polyethylene 
time 
Vm/s 
2·5 
2 
1·5 
1 
0·5 
o 
-0 ·5 
Figu re 4.11 
Velocity versus time for High Impact Polyethylene 
1 2 
T x 10-3 secs 
Strain 
1 
0·5 
o 
Figure 4.12 
Strain versus time for High Impact Polyethylene 
1 . 
Figures 4.13 to 4.27 True stress versus true strain 
at a strain rate of -7 x I02sec1 
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Figure4.13 True stress versus true strain for high impact 
polyethylene 
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extrusion direction 
• r f ") , , 
'\ , / r • , iI , I r : \ r / r 
: I , 
r / : \ , I 
r I 1\ I 
: I r / r , 
r / ' 1 , • 
" / 'I , , :, , / , 
, / 
1 
, 
, 
/ , 
" I I , , I I , // , /' 
" / 
" ,/ I 
/ 
I 
/ 
'S 1 
Strain 
Figure 4.15 
Stress 
MPa Polypropylene rod 
200 
150 
100 
--..----i r<':r~...;..;;;;~~" ~~. :::" -~ .. ~--~-~-~~..,:-~--~-:::=----......::::.--=---~--..~:-:-:-:-;-:-;-:-:: ~ .. -~ --50 ~ - .-------- -.- -- . f--'--' ---
I 
I 
-5 1 
Strain 
Figure 4.16 
Stress 
MPa 
200 NYLON 66 
EXTRUDED ROD - perpendicular to 
extrusion direction 
150 
100 
---------
.,......,;. .. ,;-; .. -:::-: .. --------------.- ..... -..... ....... , 
~........ ... ... , \ 
.-"- "', \ .~ \ \ ~ \ 
I,' \ \ 
r' " 1 
• ( , \ 
, 
50 I ; \ 
:-" 
. 
'5 
Strain 
I 
/ 
1 
Stress 
MPa 
200 
150 
100 
I 
, 
, 
I 
I 
/ 50 I 
J 
, 
J 
/ 
·5 
Figure 4.17 
NYLON 66 
EXTRUDED ROD - perpendicular to 
1 
Strain 
extrusion direct ion 
vaseline 
no lubricant 
I I I I I slightly thicker 
\ '. layer of vaseline 
\ \ \ 
\ :. \ 
I : 
\ : , 
\ : 
Stress 
MPa 
200 
150 
100 
I 
I 
I 
J 
Figure 4.18 
NYLON 66 
Strain 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
t 
6x2mm 
, 
, 
. , 
· 
· 
, 
, 
• 
. 
. 
" 
· 
1 
Stress 
Figure 4.19 
MPa NYLON 66 6x6mm 
200 
150 
-
"' -- -::--. 
-.... 
100 \ ",\ , 
. \ \ 
· ; \ · •
\ • • 
• I • 
· I 50 I • • 
I I • : I , • 
I r , 
· • I I • • 
I • 
• 
• 
'5 1 
Strain 
Stress 
MPa 
200 
150 
100 
• 
:/ 
if 
j 
1 
50 I 
~ 
Figure 4.20 
I 
/ 
I 
/ 
/ , 
/ " , 
/ " / ,-
/ " 
......... ;"'./ .. ,,;" 
...... _..... .' 
--.- -
--
'5 
" 
, 
, 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
I 
Strain 
PEEK 380 G 
1 
Stress 
MPa 
200 
150 
100 I 
I 
I 
I 
50 I 
r 
r 
~-
·5 
Figure 4.21 
PEEK rod 
/""' 
/ I 
,-' 
. "r ,
, 
, I 
I 
\ 
I 
I 
! 
I 
( 
I 
( 
, 
, 
, 
, 
, 
, 
, 
I 
, 
, 
, 
, 
, 
, 
, 
, 
, 
, 
, 
. , 
, 
, 
, 
, 
, 
, 
, 
, 
, . 
I 
, 
, 
, 
, 
, 
, 
Strain 
1 
Stress Figure 4.22 
MPa PEK 220G 
200 /.- \ 
....-:... .. ~ 
/',' \ 
/" , , \ 
/-' \'. 
/,,' I; \' 
150 \', \ , 
, ' , 
\. 
f I: 
100 I 
I ~ 
J' 
I / : , 
I ; 
" 
, 
I : I' , / ~ I: 50 . / ' I • ,, /' , 
f ; I ' , / : 
/ ' , 
I " 
'5 1 
Strain 
Stress 
MPa 
200 PES 4100 G 
150 
100 
INJECTION 
MOULDED 
·5 
Figure 4.23 
h .' , 
. 
, 
, 
. 
, 
. 
Strain 
, 
, 
, 
, 
, 
, 
, 
, 
• , 
, . 
, 
. 
. 
, 
1 
Stress 
MPa 
200 . 
150 
100 
50 
I', 
\ " 
I : , 
I : 
I : I 1 
I 
I 
I 
I 
I 
r 
Figure 4.24 
PES 4101GL20 
·5 1 
Strain 
Stress 
MPa 
200 
150 
100 
50 
· • 
· 
· 
: 
:1 
.7 
1 
- '-
/ 
/ 
I 
I 
/ 
. 
/ 
.I 
/ 
.I 
/ 
/ 
'5 
. 
.I 
I 
I 
I 
. 
I 
f • 
J: , 
,/ 
I 
f 
. 
I 
I 
I , 
i 
. 
I 
I 
i 
I 
I 
I 
i 
j 
I 
I 
I 
I 
I 
I 
I 
/ 
E 
/," 
I: 
Strain 
Figure 4.25 
Pol ycarbonate rod 
1 
Stress 
MPa 
200 
150 
100 
50 
I 
'" IF'" 
/ 
/ 
,.... 
I \ 
/ 
/ \ 
/ / ,.J ... --' 
, 
\ 
\ 
\ 
\ 
\ 
\ 
\ 
\ 
\ 
'5 
Figure 4.26 
LCP SRP 1 
, 
, 
. , 
• 
· 
· •
• 
• 
· .. 
• . 
• 
• 
• . 
. 
. 
1 
Strain 
Stress 
MPa 
200 
150 
100 
50 
PES 4101GL 
Polycarbonate 
/ PEEK 380G 
/ 
/ PEK 220G 
PES 4100G 
High impact 
polyethylene 
NYLON 66 
---
-- --~ - --- - - - - - . - _. - . - - -- - - - - . - -- --- --
--.----.-.---
'5 1 
Strain 
Figure 4.27 
DROP WEIGHT 
strain rate "-7 x 102 
sec -1 
Polyp ropy I ene 
4.4.1 Lubricant 
Previous workers [2] found that petroleum jelly was the best lubricant 
to use for the drop-weight impact technique in order to avoid 
frictional restraint, and all of the compressions (except in Figure 4.16) 
have been carried out using petroleum jelly. Care was taken not to use 
too much lubricant as this was found to cause some specimens to slip 
sideways and hence deform unevenly. 
Some experiments were carried out using specimens of nylon 66 with 
no lubricant, petroleum jelly and a slightly thicker layer of petroleum 
jelly than normal. Plots of stress versus strain (Figure 4.17) showed 
slight differences, but were not very marked. This is in contrast with 
observations by Walley et al [2] that friction was seen to have an 
effect if no lubricant was used. They found that the measured stress 
for unlubricated specimens was usually some 20 MPa higher than for 
specimens lubricated with petroleum jelly. 
The marked variations found for nylon 66 when compressed in the 
"Instron" were not apparent at the faster rate of the drop-weight 
machine. 
4.4.2 Thickness of Specimens 
Solid cylindrical specimens, -6mm diameter and -4mm height, were 
machined from larger mOUldings. The effect of different thicknesses of 
specimen was checked using nylon 66, and specimens of 2mm and 
6mm height. Figures 4.16, 4.18 and 4.19 show that the initial stress 
versus strain was similar for the different thicknesses of specimen and 
results were reproducible (unlike those of "Instron" compressed nylon 
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66). The 2mm height specimens went to a greater stress and strain. A 
similar result was found for metals [3] where thinner specimens 
produced greater values of stress and strain. Buchar et a1 found that 
an increase in the specimen length appeared to lead to better 
agreement between calculated and predicted stress versus strain 
dependencies. 
4.4.3 Stress-strain behaviour 
The stress-strain curves of all materials examined are summarised in 
Figure 4.27, and approximate values of yield stress and yield strain 
are summarised in Table 4.1. Results are not as reproducible as those 
obtained using the "Instron" as can be seen from the stress-strain 
curves. The measurement of strain in the drop-weight machine is 
thought to have an accuracy of about 5%, as discussed in section 
4.3.2. The crystallinity and orientation of the polymers are discussed 
in Chapter 2, and the structure of the polymer chains is shown in 
Table 1.1. 
All of the materials deformed evenly, in that the specimens remained 
circular after impact, except "Victrex" PES 4101 GL20 and the liquid 
crystal self-reinforcing polymer SRP I. Specimens of these materials 
became elliptical in cross-section, and this is attributed to the 
orientation of the glass fibre in PES 4101 GL20 and the orientation 
present in SRP I (see Chapter 2). Both of these materials fractured on 
initial impact, at a strain of less than 50%, and it was necessary to 
repeat the experiments with a lower drop height to avoid fracture. 
All of the polymers yielded at a strain of 10% or less. The amorphous 
polymers, polyethersulphone and polycarbonate, both showed strain 
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softening, as well as the poorly crystalline polymers PEEK and PEK. 
This confirms observations made in Chapter 3 where 
polyethersulphone, polycarbonate and PEEK showed evidence of 
strain softening on compression in the "Instron". (PEK did not yield at 
the lower strain rate in the "Instron" as its yield stress was not 
reached.) 
4.4.3.1 Semi-crystalline polymers 
High impact (high densityl polyethylene 
This polymer had the lowest yield stress of -17MPa as would be 
expected from its flexible polymer chain. After the initial yield, stress 
increased rapidly with strain, possibly because of strain hardening. 
This will be discussed further in Chapter 7. Specimens taken 
perpendicular to the extrusion direction gave approximately similar 
results to those taken along the extrusion direction. 
Polypropylene 
Polypropylene had a higher yield stress of -60MPa, but stress 
remained approximately constant as strain increased after yield. 
Polypropylene has a slightly less flexible polymer chain than 
polyethylene because of the presence of methyl sidegroups. 
Self-reinforcing polymer 
The self-reinforcing polymer, SRP I, had a yield stress of -65MPa, 
and stress increased gradually with strain. The structure of this 
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material is complicated as can be seen in Table 1.1. and it consists of 
a matrix containing rigid and rod-like "liquid crystal" molecules which 
align in the direction of extrusion (see Chapter 2). 
Nylon 66 
Nylon 66. both in the extrusion direction and perpendicular to it. had 
a yield stress of -90MPa. Stress increased gradually with strain after 
yield for specimens taken in the extrusion direction. Specimens taken 
perpendicular to this showed a decrease in stress after about 50% 
strain. Reasons for this difference are not clear as no orientation of 
the crystalline regions was observed by X-ray diffraction (see Chapter 
2). but moisture content. age of the sample etc. may play a part. as 
discussed in Chapter 3. Nylon 66 has a fairly flexible polymer chain 
with a moderate crystallinity. 
PEEK 
Polyetheretherketone (PEEK plaque and rod) had a higher yield stress 
of -120MPa. This has a stiff polymer chain because of the presence of 
phenylene rings. The polymer chains are fairly similar to 
polyethersulphone which does not crystallise. as discussed below. but 
the carbonyl linkages allow PEEK to crystallise because the carbonyl 
and ether linkages both form bond angles with the phenylene groups 
of::: 1240 [4.5]. 
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Chain Conformation for PEEK 
Yield stress increased rapidly with strain after an initial drop. 
Polyetherketone (PEK) has a very similar polymer chain to PEEK and 
the crystalline structures are almost identical [5]. The polymer chains 
of PEK are slightly stiffer than PEEK because of the presence of a 
greater number of more rigid carbonyl linkages and account for the 
higher yield stress (-1 55MPa}. Stress dropped slightly as strain 
increased. and then increased with strain after -20% strain. 
4.4.3.2 Amorphous polymers 
Polycarbonate 
The yield stress of polycarbonate rod was similar to that of 
polypropylene. but stress increased rapidly with strain after an initial 
yield to reach a of value of -320MPa. the highest stress reached of all 
the polymers under the conditions used here. Polycarbonate has a 
much stiffer polymer chain than polypropylene because of the 
presence of phenylene rings. and is amorphous in its commercial form 
because the molecules are unable to pack sufficiently well for 
crystallisation to occur. 
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Polyethersulphone 
The unfilled grade of polyethersulphone, PES 4100G, has a higher 
yield stress of -100MPa. Stress initially decreased with strain after 
yield, but increased rapidly with strain after a strain of -30%. The 
glass filled polyethersulphone, PES 410 1 GL20, had a greater yield 
stress (-120MPa) than the unfilled grade, as would be expected. Stress 
did not drop as strain increased, but showed a gradual increase. 
PES is amorphous with a stiff polymer chain containing a high 
proportion of phenylene rings similar to PEEK except that the 
carbonyl linkages are replaced by aryl sulphone linkages. Unlike 
PEEK, Polyethersulphone cannot crystallise because of the presence 
of the aryl sulphone linkages which have a tetrahedral configuration 
and C-S-C bond angle of 1050 [4]. 
4.5 DISCUSSION 
It is known that high strain rate experiments can lead to rapid 
increases in temperature [6-8]. The timescale for the flow of heat 
away from the specimen becomes greater than the duration of the 
experiment, and so significant temperature rises are to be expected 
which will tend to produce strain softening. The bulk temperature rise 
for each material was calculated by measuring the area under the 
stress-strain curve, using DROPW3, a modification of the program 
DROPW2 (See Appendix 4.1). 
Specific heat Cp = 
Joules 
KgxOK 
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Joules 
therefore rise in temperature LIT = ......... (5) 
KgxCp 
Area under stress-strain curve = fa d€ joules;unit volume 
Kg 
Density p = --.--
umt volume 
Joules 
From (5), LIT = -------,---
unit volume x p x Cp 
Therefore LIT = ........... (6) • 
Temperature rises are discussed in greater detail in Chapter 6. 
Similar materials to those examined in this· thesis have also been 
examined using a similar drop-weight technique by Walley et al [2,9]. 
Their stress-strain curves and flow (yield) stresses are comparable 
with stress-strain curves and yield stresses measured here although 
they did not show the marked increase in stress at higher strains. 
However, they only showed stress-strain curves up to 50% strain. 
Results are unlikely to be directly comparable because of slight 
differences in technique and probable differences in polymer 
morphology of the materials examined. Yield stress and modulus of 
the liquid crystal polymer SRPI agree quite well with those obtained 
by Kordestani and Windle [10] for a similar material. 
Comparison is made between stress-strain behaviour of the materials 
using drop-weight and "Instron" techniques in Chapter 7. Possible 
reasons for the innacuracy at the beginning of the drop-weight 
stress-strain curves are also discussed, together with possible 
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explanations for the fast increase in stress at strains above -40%. 
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5. THE MEASUREMENT OF THE DECOMPOSITION PARAMETERS OF 
POLYMERS USING DIFFERENTIAL SCANNING CALORIMETRY 
5.1 INTRODUCTION 
Inorganic materials such as metals or a variety of silicates are stable 
up to 2000 or 3000°C, whereas most polymers, which consist of 
organic molecules, are unstable above about lOO-200°C. Temperatures 
reached during high strain rate impact testing of polymers are thought 
to be sufficiently high for significant thermal decomposition to occur 
ahead of a running crack (see Chapter 7). Products of this 
decomposition may be instrumental in the formation of a craze-like 
region ahead of the crack. Voids formed in this manner would act as 
craze initiators as described by Michler [I]. The kinetic parameters of 
the decomposition of several polymers have been calculated using 
differential scanning calorimetry (DSC) in order that decomposition 
rates can be determined. A MettIer TA 3000 System was used, which 
incorporates a TCIOA TA Processor with a DSC 20 measuring cell 
attached. 
DSC measures the difference in energy required to keep a sample of 
interest at the same temperature as an enthalpicaIly stable reference 
material. Thus the general nature of enthalpic events and the 
temperature at which they occur can be determined. 
5.2 EFFECT OF STRUCTURE ON DEGRADATION Al'.'D STABILITY 
OF POLYMERS 
The degradation of polymers is affected by the chemical structure of 
repeating units, weak links, side groups etc. Unfortunately, 
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degradation of a polymer is usually a complex composite of various 
elementary reactions which are difficult to analyse. Also, polymers are 
often modified during degradation so that the behaviour of 
degradation at the initial, middle and final stages are not necessarily 
identical. Even in the initial stages of degradation, minute structural 
defects often considerably affect the reactions. Thus it is very difficult, 
and in many cases, impossible, to analyse quantitatively their 
contributions to the whole degradation process. Consequently, the 
discussion of the structural effects on degradation must be of a 
qualitative nature in most cases. 
5.2.1 Thermal degradation 
Thermal degradation of polymers may be roughly divided into four 
types. Two of them, random chain scission (random degradation) and 
depolymerisation, are characterised by scission of main chains which 
finally result in almost complete volatilisation of the fragmented 
polymer. 
5.2.1.1 Random degradation 
For random degradation (random chain scission), the molecular weight 
decreases rapidly in the early stages with little volatilisaton. It is not 
until the fragmented chains become sufficiently small that they are 
volatilised and lost. The volatilised products contain little monomer 
and consist mainly of oligomers of various lengths of which the 
maximum molecular weight depends on the degradation conditions 
such as pressure, temperature etc. 
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5.2.1.2 Depolymerisation 
Depoiymerisation is another type of main chain scission which 
consists of initial bond scission, zipper type split-off of monomer from 
the active end (depropagation) and termination. When the average zip 
length is sufficiently long to bring about a complete unzipping of the 
molecule, the mean molecular weight of residual polymer molecules 
remains unchanged and the only product of degradation is monomer. 
As the zip length becomes shorter, the degradation behaviour 
becomes more like that of random degradation. When the zip length 
is zero the two types of degradation become identical. 
5.2.1.3 Carbonisation 
The third type of thermal degradation is carbonisation. This cannot be 
defined as clearly as the above two reactions. It includes various 
reactions such as cross-linking, polyene formation (by elimination or 
by other reactions), clyc1isation and aromatisation (dehydrogenation 
from ring structure). Little is known about the detailed mechanism of 
carbonisation because the reactions are too complex. Except for some 
aromatic and heterocyclic poiymers, carbonisation is usually 
accompanied by random degradation or other side reactions leading to 
a certain weight loss. 
5.2.1.4 Reactions of side chain groups 
The forth type is the degradation brought about mainly by reactions of 
side chain groups. There is a vast variety of side chain reactions 
depending on the nature of the groups concerned. In some cases, only 
the side groups are affected as in poly-tert-butyl acrylate which loses 
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isobutylene forming polyacryJic acid. In other cases, main chains are 
affected simultaneously as in polyvinyl chloride which is converted to 
polyene by dehydrochlorination: 
Cl Cl 
I I 
-(CH,CHCH,CH)n- -> -(CH=CH)n- + nHCl 
Main chain scissions are often induced by the degradation of side 
chains. At the later stage of degradation, the polymers modified by 
side chain reactions may undergo further degradation by another 
mechanism at higher temperatures. Thus, polyacrylic acid derived from 
poly-tert-butyl acrylate loses water to form anhydride, and polyene 
derived from polyvinyl chloride is carbonised with competitive chain 
scission producing gaseous products. 
Only the degradation of some exceptional polymers proceeds via one 
of the four types mentioned above. Usually, several types of reaction 
are operative simultaneously. The extent of contribution of each type 
to the whole degradation process will be affected strongly by the 
structure of polymers. The type of degradation favoured by a polymer 
is usually the fastest among the possible reactions or the one taking 
place at the lowest temperature when the temperature is raised 
continuously as in differential scanning calorimetry. 
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5.4 DIFFERENTIAL SCANNING CALORIMETRY 
5.4.1 Measuring principle 
Figure 5.1 shows a sectional view of the differential scanning 
calorimeter (DSC) measuring cell. 
body of furnace 
DSC sensor probe 
?llOO 
n:fert:"lce l='an 
lid 
heater coil 
, 
'- purge gas inlet 
:.T Signal 
Figure 5.1 Sectional view of the Mettler DSC 20 
measuring cell 
A sample and a blank reference are heated at a constant rate. When a 
polymer goes through a transition such as melting. degradation or 
crystallisation. an endothermic or exothermic reaction occurs. DSC 
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measures the energy (heat flow) required to keep the sample and 
reference at the same temperature. 
It is clear from Figure 5.1 that the heat flow H to the sample (H in 
order to express that the heat flow is the change in sample enthalpy) 
is equal to the difference between the two heat flows Qs and Qr: 
H = Qs - Qr 
According to the thermal analogue of Ohm's Law Q = (T, _ T,)/Rth, 
i.e., the heat flow is proportional to the thermal resistance Rth. When 
this is applied to the DSC cell it follows that: 
H = Qs - Qr = [(Tc - Ts)/Rth] - [(Tc - Tr)/Rth] 
For reasons of symmetry, the two Rth values are identical. It follows 
that: 
In order to avoid problems with signs, an effect is defined as 
exothermic and the sign is omitted. Temperature differences are 
measured with thermocouples as their electrical signal is directly 
proportional to the difference in temperature between the hot and cold 
junctions (over the temperature range used): 
LlU = S. LlT 
S is the so called slope or sensitivity of the thermocouple, expressed in 
microvolts per Kelvin. As the temperature difference, LlT = T s - T r, is 
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measured by the sensor thermocouple. it follows from the 
thermocouple equation. LlU = S . .df: 
H = LlU/(Rth . S) 
As the two terms in the denominator are functions of the actual 
temperature. they can be combined as the calorimetric sensitivity: E = 
Rth . S. which can be divided into a temperature dependent (relative) 
term Erel and a temperature independent term Ern. specific to the 
measuring cell being used: E = Erel . Ern. Thus it follows that the heat 
flow to the sample is: 
H = LlU/(Ern . Erel) (I) 
The temperature dependence of Erel is contained in the TA Processor 
as a hard programmed polynomial: Erel = A + BT + CP. The specific 
sensor parameters A . B. and C are fixed with a coding plug in the 
measuring cell. Ern was determined by calibrating the DSC using the 
known heat of fusion of indium with the DSC measuring cell set to 
"Medium" sensitivity using the standard sensor. An aluminium DSC 
pan with about 6mg indium. 4.5mg lead and 3mg zinc was heated in 
the DSC cell using the standard procedure for complete calibration 
(see Mettler handbook). An empty pan was used as a reference 
sample. Three endothermal melting peaks were displayed and A. B. C 
and Ern calculated and automatically transferred to the TClOA TA 
Processor. Temperatures subsequently did not require further 
correction. although occasional checks were carried out. 
The primary signal is converted once per second with equation (I) to 
the DSC signal H for the on-line plot on the printer plotter and for 
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the analogue output. 
No account is taken in the derivation of equation I for the fact that 
heat capacities as well as resistances are associated on the path of the 
heat flow. The original heat flow is calculated in all off-line 
evaluations, plotted on the printer/plotter and used for partial and 
total integrals. The sample temperature is also plotted after 
corrections. 
5.5 THEORY 
Based on the work of Willhelmy in 1850, the rate of chemical 
reaction a can be expressed as a function of the degree of conversion, 
IJI, using the kinetic equation 
(2) 
where a = rate of reaction in sec-1 
k = reaction rate constant in sec-1 
IJI = degree of conversion (which grows from 0 to I during 
the reaction) 
n = order of reaction 
In calorimetric measurements, IJI is the ratio of enthalpies up to a 
given degree of conversion (LlH) and total enthalpy of reaction (LlHT) 
i.e., 
IJI = LlH/LlHT, which is equivalent to the ratio of areas under the dsc 
curve corresponding to given conversions. 
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In equation (2), the· parameter k depends on temperature (T) 
according to the Arrhenius relationship derived in 1889 
k = Ae-E;RT (3) 
where A = reaction rate constant at infinite temperature 
(pre-exponen tial factor sec- l ) 
E = activation energy in J mol- l 
T = temperature in Kelvin 
R = gas constant = 8.31 J mol-1K-l 
Taking logarithms, In k = In A - (E/R . liT) (4) 
This is a linear function of In k versus lIT, the so called" Arrhenius 
plot": 
slope = - E/R 
ordinate intersection = In A 
liT 
Combining equations (2) and (3) the following expression is obtained 
a = A . e-E;RT . (I - a)n (5) 
At constant heating rate B = dT/dt, equation (5) can be written in the 
form 
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da A. (1 - a)n . e-E/RT 
dT = ------=B---- (6) 
Determination of parameters A, E and n is based on the solution of 
equations (5) and (6). 
5.6 EXPERIMENTAL 
-lOmg samples were heated in an inert argon atmosphere (with a 
flow rate of 80 to lOOcm3/min) at heating rates from 2 to lOO°C/min 
to a maximum of 600°C in a Mettler DSC 20 cell, until the specimen 
decomposed. Samples were sealed in aluminium pans with one hole 
punched in the lid to allow vapour to escape. This was necessary 
because polyethylene and polypropylene evaporated completely, and 
reproducible results could not be obtained with sealed pans. An empty 
pan was used as the reference sample. The peak temperature of the 
initial decomposition endotherm was measured and DSC thermograms 
from several materials are shown in Figure 5.2. All of these polymers 
were crystalline and thus a melting endotherm was observed, followed 
by a decomposition endotherm. The baseline could no longer be 
determined because the reaction became unstable after the initial 
decomposition endotherm and thus the decomposition peak area and 
hence heat of reaction of decomposition could not be measured. Both 
PEEK and PEK were crystalline and showed melting endotherms 
followed by exothermic decomposition processes as can be seen in 
Figure 5.3. The amorphous polymers, polycarbonate and 
polyethersulphone, did not give reproducible decomposition 
endotherms. 
All of the above thermograms were obtained in a steady flow of argon 
but in order to check that the processes were caused by degradation 
rather than oxidation, and to ensure that all oxygen was excluded, 
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Figure 5.2 Dsc thermograms at a heating rate of 40°C/min 
Figure 5.3 Dsc thermograms at a heating rate of gOClmin 
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400 420 440 460 480 500 520 540 560 580 ·C 
DSC specimens of PEEK and PEK were kept in an argon atmosphere 
for 48 hours before sealing the pans. No holes were made in the lids. 
Thermograms obtained from these specimens were similar to those 
observed previously. Other specimens were sealed in air and many 
holes punched in the lids before holding in the DSC under a constant 
stream of argon (J00cm3/min) for up to 4 hours. Again the processes 
were exothermic and peak temperatures reproducible. 
5.7 METHOD FOR DETERMINING ARRHENIUS KINETIC CONSTANTS 
FOR THERMALLY UNSTABLE MATERIALS 
Methods for investigating decomposition of polymers by DSC have 
been reviewed by several authors [2-8] and attempts have been made 
in this laboratory to measure Arrhenius Kinetic Constants using 
different methods. A heat evolution method has finally been found 
appropriate for the measurement of decomposition parameters. 
Ozawa's method [9]. originally applied to thermogravimetric analysis 
(TGA). began with a general form of reaction equation 
dw E 
- =-Aexp(--)wn dt RT 
where w is the fractional residual weight of the sample. Ozawa used 
Doyle's work and approximation [10.11] to obtain the linear 
relationship: 
- log B, - 0.457 E/RT, = - log Bz - 0.457 E/RTz = ..... 
where T, and Tz correspond to the same fractional decomposition of 
the sample at heating rates B, and Bz respectively. As Ozawa pointed 
out [12]. Horowitz and Metzger's observation [13] that conversion at 
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the reaction peak is constant enables the relation to be readily applied 
to DSC analysis. Reaction peak maximum temperatures (T ma0 were 
measured as a function of heating rate and log B plotted versus 
liT max. The activation energy (E) was calculated from the slope of 
the straight line obtained. Similar methods were used by Flynn and 
Wall [5], Duswalt [8] and Jones et al [14]. 
R d log B 
d l/fmax 
Hence, E = --,---::-:::-
0.457 
This method works well for simple, first order, reactions and, has the 
advantage of not requiring reaction order, n, to be estimated as with 
the method used by Swallowe [IS] and Hauser and Field [3]. Also, 
difficulties in measuring the decomposition peak area and hence in 
calculating the heat of reaction of decomposition (LlH) are avoided. 
Tang [16-19] and Duswalt [8] concluded that the most complete 
investigation requires isothermal experiments as well as a number of 
dynamic traces at various heating rates. However, isothermal methods 
have so far proved unsuccessful for the polymers investigated here 
because decomposition behaviour was not consistent. This may be 
because of inhomogeneity or impurities in the specimens. 
The pre-exponential factor was determined by a simple method 
developed by Rogers and Smith [20] based on the following 
considerations. The deflection of the DSC curve from the baseline is 
given by b = -ha where b is the deflection, -& is the rate of 
decomposition of the sample and h is the heat of reaction per unit 
weight of the sample divided by the sensitivity of the instrument. If 
the sample decomposes according to a first-order rate law, the 
following equation can be written 
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b = h a A e-E;RT 
Differentiating with respect to time gives 
db/dt = h. da/dt.A e-E/RT + h a A e-E/RT . E/R'f2. dT/dt 
= -b A e-E/RT + b E/R'f2. dT/dt 
The maximum occurs when db/dt = 0, and substituting this in the last 
result and solving for A, gives 
BE eE/RTmax 
A = ---=--=----
RTmd 
where B = dT /dt and is the heating rate and T max is the temperature 
at which b reaches its maximum. Rogers and Smith [20] found this 
method to agree with the literature values. The results appear to be 
quite sensitive to errors in E and Tmax, but not very sensitive to 
errors in B. Thus this method is usable with DSC even though the 
actual heating rate is not accurately known at the maximum with 
materials which have exothermic or endothermic reactions. In practice, 
the accuracy with which A can be determined depends primarily on 
the accuracy of E. 
The above methods are the basis for the ASTM standard test method 
for Arrhenius Kinetic Constants for thermally unstable materials, 
ASTM E-698-79 (Reapproved 1984). A heating rate of from I to 
20°C/m in was specified, 'but other authors [14,20] have used heating 
rates of up to 80°C/min. The sample thicknesses used (-O.5mm) are 
not critical at these heating rates [8]. Data from several specimens of 
the same material are used to determine the kinetic parameters for 
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each material, thus averaging any variations produced by impurities or 
inhomogeneity. 
Log (heating rate) was plotted versus the reciprocal of the absolute 
peak temperature of the decomposition peak using a BBC B 
microcomputer with the "Lab Assistant" computer program developed 
by Procyon Research Limited. This program fits the best straight line 
to the points and prints out the equation for this line, enabling 
activation energy, E, and pre-exponential factor, A, to be calculated. 
The program also produces a plot of the data and derived line, but 
additional hardware would be required to obtain a graph on the 
plotter available (a Plotmate A4M). It was necessary to write 
additional programs so that the data could be plotted using the 
plotter. More recently, plots have been obtained using an Amstrad 
PCI640 using the "Grapher" program by Golden Software Inc. 
Alternative dynamic and isothermal methods of measuring 
decomposition kinetics have been reported by other authors [3,21-26], 
but were not found appropriate for the materials examined here. As 
mentioned above, isothermal methods have proved unsuccessful so far 
because decomposition behaviour was not consistent, possibly because 
of non-uniformity or impurities in the specimens. A dynamic method 
was attempted by using Hauser and Field's "new" method [3], which 
was based on ideas of Borchardt and Daniels [23] for materials in the 
liquid phase. The analysis assumes the same general form of reaction 
equation as Ozawa's method above [9]. 
dw 
dt 
Ei 
= - Ai exp (- -) fi(w) 
RT 
Their analysis was applied to DSC data to give 
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dQ E 
- = +LlH w A exp ( - -- ) f(w) 
dt RT 
Q is the heat given off by the sample, and LlH is the enthalpy change 
of the en tire reaction. 
dQ dQ 
= dT dt 
therefore, 
dt 
dT = 
I 
B 
dQ 
dt 
dQ LlH E 
dT = 'Bw A exp( - RT ).(1 - a)n, taking f(w) = (I - O')n 
I dQ 
Cp = w dT 
LlH A E 
therefore, (Cp)T = -- exp ( - - ).(1 - O')n 
B RT 
E 
Taking logarithms, In [ (Cp)T . B] - n In (I - 0') = In (LlH A) - -
RT 
In this method, plots are made of In [(Cp)T . B] - n In (I - 0') versus 
I IT using different values of reaction order, n, and the straightest plot 
taken as the true value of n. The computer program was adapted for 
DSC by Dr G.M. Swallowe - see Appendix 5.1. (Some authors [5,7] 
suggest that the parameter n is a purely empirical parameter, 
sometimes useful in curve fitting.) This only yields a straight line if 
f(w) has been chosen correctly. 
However, although a value of n-I appeared appropriate for PEEK and 
PEK, realistic degradation kinetic parameters have not so far been 
obtained. The plots of polypropylene and polyethylene both showed a 
very large vertical step on onset of volatilisation and a plot for 
polypropylene is shown in Figure 5.4(a). This process was checked 
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Figure 5.4(a) showing onset of volatilisation of polypropy\ene using 
method of Hauser and Field 
Y = In (Cp) B - n In (I-a) 
using water, where a steep increase was observed just above 100°C. 
Thus this method, although not found useful for determining kinetic 
parameters, gives a clear indication of the onset of volatilisation. 
An attempt was also made to calculate E and A using a similar curve 
fitting technique with the generalised Avrami-Erofe'ev equation [27], 
again adapted for DSC by G. M. Swallowe (see Appendix 5.2): 
[-In (I-a) ]I/n = kt 
This was applied to DSC data to give 
LlH Cp = B n A e-E/RT [(I-a). [-In (I-a)] (n-l)/n)] 
Taking logarithms leads to: 
Mn E 
In Cp - In(-- ) -In (I-a) -In [-In (I-a) (n-lIn)] = In A-B RT 
Plots were made of 
In Cp - In ( LlH niB) -In (I-a) - In [-In (I-a) (n-lIn)] versus lIT 
but curves for PEEK and PEK all appeared approximately linear over 
the region of interest and it was thus difficult to determine n. 
Polypropylene and polyethylene again showed a large vertical step on 
onset of volatilisation and a plot for polypropylene is shown in Figure 
5.4(b). 
These two methods thus give an accurate indication of the onset of 
volatilisation but do not appear suitable for determining 
decomposition kinetics. 
-110-
y 
-4 
-6 
- 8-
-10 
n=3 
liT x 10-3 oK 
Figure SA(b) showing onset of volatilisation of polypropylene using 
Avrami-Erofe'ev method 
Y = In ep -In ( Ll: n) -In (I-a) -In [-In (I-a) (n-1)n 1 
5.8 RESULTS 
DSC thermograms obtained when nylon 66, low density polyethylene, 
high impact polyethylene and polypropylene were heated at 40°C/min 
are shown in Figure 5.2. Polyethylene and polypropylene evaporated 
completely after the degradation endotherm while the other polymers 
reported left a black deposit. PEEK and PEK both showed 
degradation exotherms (Figure 5.3), while other polymers did not give 
reproducible results and hence are not reported here. Only the initial 
portion of the degradation process is shown since the remainder of 
the reaction appeared unstable. 
Tables 5.1 to 5.6 show the peak temperature of the decomposition 
endotherm or exotherm (T max> in degrees Kelvin with the 
corresponding heating rate (B) for the polymers examined. Only slow 
heating rates could be used for PEEK and PEK because the 
degradation process occurred out of the range of the instrument (Le. 
above 600°C) when faster rates were used. Log B and liT max have 
been calculated (see Tables 5.1 to 5.6) and Figures 5.5 to 5.10 show 
that the points obtained lie approximately on a straight line when 
these parameters are plotted. The plots obtained for PEEK and PEK 
could be superimposed and are almost identical. This is as would be 
expected because of their similarity in structure. The calculated values 
for activation energy (E) and pre-exponential factor (A) are given in 
Table 5.7. 
5.9 DISCUSSION 
The study of the detailed mechanism of degradation of polym.ers and 
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TABLE 5.1 
POLYPENCO NYLON 66 ANNEALED OCR 011276 ROD 
Heating rate 
BOC/min 
5 
10 
20 
20 
40 
60 
gO 
lOO 
Decomposition 
peak temp. TOC 
723.6 
724.35 
728.29 
735.8 
741.45 
750.4 
755.7 
766.6 
TABLE 5.2 
Log(B) 
0.699 
1.0 
1.30 I 
1.301 
1.602 
l.7nl 
1.9031 
2.0 
HIGH DENSITY POL YETHYLENE ROD 80 
Heating rate 
BOC/min 
Decomposi tion 
peak temp. rc 
Log(B) 
5 744.95 0.699 
10 755.4 1.0 
10 757.4 1.0 
20 754.4 1.301 
25 758.1 1.3979 
30 766.2 1.4771 
40 781.1 1.602 
40 768.5 1.602 
60 777.3 1.7781 
80 781.4 1.9031 
lOO 783.4 2.0 
lIT 
x I 0-3 
1.382 
1.380 
1.373 
1.359 
1.349 
1.333 
1.323 
1.304 
liT 
x 10-3 
1.342 
1.324 
1.320 
1.326 
1.319 
1.305 
1.280 
1.301 
1.286 
1.280 
1.276 
TABLE 5.3 
LOW DENSITY POLYETHYLENE ROD 7 
Heating rate 
BOC/min 
5 
10 
20 
30 
30 
40 
60 
60 
80 
100 
Decomposition 
peak temp. TOC 
706.6 
754.1 
741.8 
765.6 
756.8 
762.0 
765.5 
765.8 
768.8 
775.8 
TABLE 5.4 
POLYPROPYLENE ROD 
Heating rate 
8°C/min 
2 
2 
5 
5 
10 
10 
10 
20 
20 
20 
40 
Decomposition 
peak temp. TOC 
701.0 
691.6 
700.3 
713.0 
713.0 
720.3 
713.0 
732.4 
736.7 
737.8 
752.0 
Log(B) 
0.6990 
1.0 
1.3010 
1.4771 
1.4771 
1.6021 
1.7782 
1.7782 
1.9031 
2.0 
Log(8) 
0.3010 
0.3010 
0.6990 
0.6990 
1.0 
1.0 
1.0 
1.3010 
1.3010 
1.3010 
1.6021 
liT 
x10-3 
1.415 
1.326 
1.348 
1.306 
1.321 
1.312 
1.306 
1.306 
1.301 
1.289 
liT 
x10-3 
1.427 
1.446 
1.428 
1.403 
1.403 
1.388 
1.403 
1.365 
1.357 
1.355 
1.330 
TABLE 5.5 
POL YETHERETHERKETONE PEEK 380G 
Heating rate Decomposition Log(B) liT 
SOC/min peak temp. TOC x 10-3 
2 814.0 0.3010 1.229 
2 816.0 0.3010 1.226 
5 843.0 0.6990 1.186 
5 837.0 0.6990 1.195 
5 837.8 0.6990 1.194 
5 836.5 0.6990 1.196 
8 850.9 0.9031 1.175 
8 849.8 0.9031 1.177 
10 856.9 1.0 1.167 
10 852.4 1.0 1.173 
12 861.8 1.0792 1.160 
12 858.2 1.0792 1.165 
TABLE 5.6 
pOLYETHERKETONE PEK 220G 
Heating rate Decomposition Log(8) liT 
8°C/min peak temp. TOC x 10-3 
2 815.0 0.3010 1.227 
2 821.0 0.3010 1.218 
5 833.0 0.6990 1.201 
5 S49.0 0.6990 1.178 
8 847.7 0.9031 1.1 SO 
8 845.1 0.9031 1.183 
10 856.0 1.0 1.168 
10 856.0 1.0 1.168 
12 859.8 1.0792 1.163 
12 857.2 1.0792 1.167 
TABLE 5.7 
Polymer Gradient Activation Frequency Log A Literature values Reference 
-O.457EIR energy E factor A E log A 
x 104 KJrnorl sec-I log(sec- I) KJrnol-1 log(sec-I) 
Nylon 66 -1.51 275 8.Ox1017 17.9 
"wet" 
High density -1.68 307 2.7x 1019 19.4 280-305 [6] 
polyethylene 
low density -0.99 180 6.2x1010 10.8 
polyethylene 
Polypropylene -1.14 208 7.2x1012 12.8 230-243 [6] 
PEEK 380G -1.20 218 1.25x 1011 11.1 310+50 [30] 
198-219 9.3-10.5 [32] 
PEK 220G -1.25 227 4.6x 1011 11.7 320+50 [30] 
------- - --------
the comparison of different polymers is largely hampered by the 
complex nature of the degradation process. Therefore it is not the 
intention to go into the detailed chemical nature of the degradation of 
the polymers examined. Aromatic polymers, which have cyclic rings 
like benzene in their main chain, are much more thermally stable than 
vinyl or aliphatic polymers. Aliphatic polymers, such as nylon 66, are 
polymers which contain bonds other than carbon-carbon in their main 
chain. They are generally thermally less stable than vinyl polymers 
such as polyethylene which have a carbon-carbon main chain. 
The type of degradation favoured by a polymer is usually the fastest 
among the possible reactions or the one taking place at the lowest 
temperature when the temperature is raised continuously, as in DSC. 
It should be noted that the temperature at which a degradation 
experiment is carried out can affect the mechanism of degradation. 
Activation energy (E) and pre-exponential factor (A) were calculated 
from the graphs plotted in Figures 5.5 to 5.10 using the method 
described in section 5.7. The values obtained for these parameters, 
given in Table 5.7, are compared with those published in the literature 
and found to be in fairly good agreement with those available. Most 
workers only quote values for E but not A. In order to calculate rates 
of decomposition (see Chapter 7) it is necessary to know both 
parameters, and hence these experiments have had to be carried out. 
The degradation of vinyl polymers such as polyethylene and 
polypropylene is associated with initiation by scission of the polymer 
at random along its length to form radicals, which leads to an 
endothermic reaction. The volatile products of degradation of 
polyethylene consist of an apparently continuous spectrum of 
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hydrocarbons with from 1 to 70 carbon atoms [28]. This is 
accompanied by a very rapid decrease in molecular weight. The low 
density polyethylene degraded at a marginally lower temperature than 
the high density (high impact) polyethylene because of the presence of 
side chains. Polypropylene decomposed at a slightly lower temperature 
because of the -CH3- units (methyl groups) present along the polymer 
chain. 
Nylon 66 decomposed at an even lower temperature, and this is 
thought to be because aliphatic polymer chains are generally thermally 
less stable than vinyl polymers, as discussed above. The degradation 
of nylon 66 is thought to occur by depolymerisation together with 
simultaneous cross-linking reactions [29]. The decomposition process 
was again endothermic. 
The exothermic degradation of PEEK and PEK occurred at higher 
temperatures than polyethylene because aromatic polymers are more 
thermally stable. Degradation is thought to be initiated by random 
chain scission at the ether or the carbonyl bonds in the polymer 
chains, and cross-linking is said to occur at an early stage in the 
decomposition [30]. The products of the scission, if sufficiently mobile, 
will volatilize. Because of the similarity in structure, PEEK and PEK 
decompose at similar rates. The early cross-linking may explain why 
the decomposition of these polymers is exothermic, while that of the 
other polymers examined is endothermic. 
Torfs et al [31] compared the variable heating rate method with heat 
evolution methods (using two peroxides and an epoxide) and 
concluded that the former method was more time consuming, and 
generally less accurate, than the latter. However, their materials 
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produced clear, well defined decomposition exotherms which made it 
possible to measure the heat of reaction, and thus the calculation of 
reaction rate constant, k, was relatively simple. The equation used was 
similar to that employed by Borchardt and Daniels [23] 
dH I 
k = - . --....,-----.,_::_ 
dT LlHtot (LlHrestl LlHtot>n 
where dH/dT is the heat flow, LlHtot is the total heat of reaction 
evolved, LlHrest is the reaction heat evolved above a temperature Ti 
and n is the order of the reaction. 
The reaction rate constant was calculated by using different values for 
n, but the value of n arrived at may have been prejudiced by the fact 
that these materials were already well characterised. Unlike these 
materials, the decomposition curves of polymers are complex and only 
the initial part of the curve can be used. This means that LlH cannot 
be measured. 
5.10 CONCLUSION 
The kinetic parameters of decomposition of several polymers have 
been determined using DSC. The method involves measuring the peak 
temperature of the decomposition endotherm or exotherm and plotting 
it versus the logarithm of the heating rate. It is based on methods 
developed by Ozawa [9] and Rogers and Smith [20] and is similar to 
an ASTM test method, E-698-79 (Reapproved 1984). Attempts to 
determine kinetic parameters using heat evolution methods have not 
so far been successful. 
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640 FOR X=l TO N 
650 TEMF' (X) =T 
.~,60 T=T+ 1 
670 NEXT X 
672 i'10VEO" 0 
680 ENDPr.:DC 
T':O DEF P'f;:DCAXE 
740 D=O 
"1::'!0 :'1iJVE 0 ~ (I 
7 60 D~:F4l-.J 1300 ~ 0 
770 FDR X=l TO 14 
780 r10VE D~ (> 
7''10 Dr.:l'lW D, 20 
800 I)==D+100 
810 NEXT :~ 
815 D=::O 
£-3:20 ['·-1ClVE (J, 0 
830 DF:""t~ 0, 1000 
840 FOR X=1 TO 10 
850 MDVE 10,D 
£It,!) DF:i~W 0 ~ D 
870 [>=1)+100 
880 NEXT X 
as'Cl EI\iDF'F:OC 
APPENDIX 5.2 
>LOAD "AV~:{.i;"i I 111 
>L IS!" 
10 F:EM H+F 
..c'.) ;:;:Ei1 FULL AVfi:At"1I 
'<;0 F'fi:INT "HOW t11'lNY VALUE:=;·~'" 
50 I hlF'LlT N 
60 F'F: I NT "F J LEI\iAr'~E 7'" 
70 I I..tPUT r\l.~I'iE!$ 
::30 D U'-I CF' (N) 
90 DIM CPNrN),DIM AREA(Nl:DIM TEMPCN):DIM COD(b.N) 
lCO A=OPENUPINAMEII 
1 V'j PlOd NT NAt1EI 
110 FDr;: \:::j TO t') 
120 JNPLJT#A~CP(X) 
1. Z" pr;' I NT Cl" ( X ) 
l~SO ~·.lE:x.T ): 
140 CL.OSE#A 
1 ~O F'Fn l',rr 11 f!~:?U") I ENT'"? 11 
160 I "IPUT I:; 
1 70F'r;: I NT "I NTEI":CEFT"" 
180 INPUT C 
190 FiJFi: X::;:: 1 TD N 
200 CPN(X'=-CP(X)+C+G*X 
2(12 IF CPN(X)(=O THEN CPN(X)=O~Ol 
205 F'fi: I NT CPN ( X ) 
210 i'!EXT X 
220 F'I~:OCADD 
2::;0 F'!~::DCC::P:LC 
::40 F'F:CJCTEMP 
::::.;0 CLS 
:~':55 l"lOUF=-4 
260F'F:CJC{.\XE 
~,~~70 F'[;:C)CF'I....DT 
:::7:,:: I::'rn I'~T "DC) '{DU j,JPd'H A F'LDT':' Y= 1. ~,I='O" 
:Z:7:~; It'--:I:;:'UT E~ 
274 IF E=0 T~iEN GOlD 336 
280 i"iClDE7 
2'7'0 tFX ~j~l:2 
300 ~,!=X8,6 
.31.0 *FX :3~5· 
~"20 F'i":DUiXE 
3:::0 F'F:CiCP'LOT 
3::;6 r'~:INT "1 / (TSTA~:T+273) =",1/ (TEl'lP (1) +273) 
:c:37 F'~: I NT "1/ (TEN[)+273) =", 1; (TEt"1F' (r.J) +273) 
.3.38 r'R:INT "COD (4, 1) =", COD (4.1:> ,Pf;:INT "COD (1.1) =". COD (1,1) 
::,39 F'F.:Hn "COD (4, N) =", COD (4, Ni: F'F:INT "CDD (1, N) =", COD I 1, "I) 
34') END 
::',50 DEF F'f;:QCADD 
360 AREA(1)=CPN(1)/2 
:~:\~,5 PF'.'JI\!T 11t'~F~:EAII ~ A~:r:?\ (1) 
370 FDR X=2 TO N 
380 AREA(X)~AF.:EA(X-1)+(CPN(X)+CPN(X-1))/2 
~:,F:5 F'F: I NT 11 AF~:EA 11 ~ X ~ AF,:Et~ ( :x) 
3';'0 I\II~X:T X 
400 ALL=AREA(N'+.OOl 
4CI~.5 F'r-;;: II"..lT 11 (..'11...1._ 11 ~ (")LL 
41 0 FN:DF'r~'CJC 
420 DEF PRDCCALC 
430 F'~:INT IIHEATlr'-lG PATE'?" 
440 INPUT P 
46-) FOR Y=l TO 4 
4650=(1]--1)/1] 
470 FOR X=l TO N 
4,75 IF ARE~<X)~:~~L THEN ALL=AF:EA(X)+.1 
480 COD(Y~X)=lNiCP!~(X»)-!_N«(O*ALL'/P)-LN({AL_L_-AREA(X)IAl_L)-L_.01(·-LN(A 
4'7".) :'~E;Cr :x. 
500 CI~:::C!·I·l 
51',) NEXT Y 
5L":O E:I\!DF'F:OI~~ 
530 DFF FROCPLOT 
540 FOR Y=l TO 4 
5~:iO !'1I]VE (U~JOO(;OOO/ (TE~r1F' (1) +273) -75(0)) ~ (100* (r~DD(Y,; l») +12(0) 
560 FOR X=l TO N 
570 FL.OT::; ~ U"::,OOOOOOI (TEt"iF' (X) -+-273) -.. 75(0) ~ (100* (COD (Y !I X) ) + 12(0) 
:'.80 NEXT l 
590 NE:XT Y 
6,,)1) EI.,l("F'F:I]C 
610 DEF PROCTEMP 
.. S20 F'Fi.:INT I'TE;Ti:~J;:T?'1 
6C':O IrWUT T 
640 FOR X=1 TO N 
650 TEM!=' ( X ) '"T 
660 T=T+l 
670 NEXT X 
680 El\~DF'F:fJC 
7~:;O DEF F'F:iJC{~:~:E 
740 D=I) 
750 11D'v'E 0 ~ t) 
7 6(1 Dr~:(.:;t:.J :I. :~!,OO ~ (I 
77\) FOR X=l TO 14 
780 t"IOVi::: D ~ (; 
790 DF:(";~:J D ~ :,~:·:I) 
(~';IOO [):--=D+ 1. ()e) 
.910 NE:n X 
EI15 D=O 
820 !"10VE 0 ~ (I 
E1~30 DF:{4W 0 ~ lOOO 
840 FOR X=l TO 10 
850 ;"iDVE 1 0 ~ D 
860 DG:At1j 0 ~ 0 
870 D=D+100 
880 !',EX T /. 
8","')(1 EI\iDF'P(jC 
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CHAPTER 6 
6. TIlE MEASUREMENT OF TEMPERATURE RISES DURING mGH 
RATE DEFORMATION OF POLYMERS 
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6. TIIE MEASUREMENT OF TEMPERATURE RISES DURING mGH 
RATE DEFORMATION OF POLYMERS 
6.1 INTRODUCTION 
Polymeric materials are very sensitive to strain rate and temperature. 
When a specimen is compressed all of the work of plastic deformation 
is converted into heat. The resultant temperature rise is generally 
neglected in analysing the data obtained for other less temperature 
dependent materials such as metals. However, since polymers are 
much more sensitive to temperature changes than metals, the heat 
developed during deformation of polymers will affect the stress-strain 
curve [1,2], especially at high strain rates. This applies to the bulk 
temperature rise only, which is due to the adiabatic nature of the 
deformation process at high rates of strain. If the deformation takes 
place slowly then heat generated within the specimen can be lost to 
the surroundings by natural cooling and there will be only a slight 
overall change in the temperature of the specimen. A compression test 
under these conditions is said to be isothermal. If deformation takes 
place at a high rate, such as "",7 x lO's-1 in the drop-weight apparatus, 
there is insufficient time for the heat to escape and the specimen 
temperature will increase with the level of strain. A compression test 
under these conditions may be said to be adiabatic. 
During localised deformation processes such as adiabatic shear, 
crazing and cracking, stored elastic energy is dissipated in a very 
small region and thus very large temperature rises may occur which 
take place over a very short interval of time [3]. Although these 
temperature increases are of major importance in determining the 
mode and dynamics of failure, they are of little importance in 
-119-
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describing material properties before failure. 
This chapter describes attempts to measure bulk temperature rises in 
a range of polymers. 
6.1.1 Adiabatic shear 
Frost and Ashby [4] have reviewed analyses on adiabatic shear which 
vary in generality and complexity. They state that the onset of 
adiabatic shear occurs when the loss of strength owing to heating 
exceeds the gain in strength owing to the combined effects of strain 
hardening and of strain-rate hardening (which are locally higher if 
deformation becomes localised). Deformation generates heat, causing 
the flow stress ay to fall. Work-hardening, or an increase in strain 
rate, raises ay. Treatments of diffuse necking assume that instability 
starts when the rate of softening first exceeds the rate of hardening. If 
the flow stress is ay and all work is converted into heat, then the heat 
input per volume per second is: 
q =ay€ 
The flow stress ay depends on strain, strain-rate and temperature: 
Frost and Ashby assume that instability (work-hardening) of metals 
occurs when day = O. The instability condition simplifies to: 
ae T' ,E 
= 
Day 
aT E,E 
dT 
de 
-120-
----------
i.e. work-hardening is just offset by the fall in strength caused by 
heating. For this truly adiabatic approximation to hold. the strain rate 
must be higher than EA calculated below. They assume that (3ay /3€) » 
(3ayl3€). at low temperatures and this condition appears to be met at 
low strains for the polymers examined (see Chapters 4 and 7). If 
heating is uniform: 
or 
= 
ay 
pcp 
where p is the density and cp is the specific heat of the specimen at 
constant pressure. 
They described the plastic work hardening region of the stress-strain 
curve by the power-law: 
where k is the strength coefficient. a term which is proportional to the 
ultimate tensile strength. ay is the flow stress. E is the strain and m is 
the work-hardening exponent. 
Thus the critical strain for localisation under truly adiabatic conditions 
can be obtained: 
(I) 
Frost and Ashby [4] have also derived an expression for the minimum 
strain rate above which adiabatic behaviour may be expected. 
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assuming uniform deformation (and thus heat input) but with no heat 
loss to the surroundings. They concluded that adiabatic conditions 
apply when: 
where r is the characteristic time (in seconds) for thermal diffusion to 
occur and is almost independent of temperature except near OOK. 
r = 
pep R2 
4K 
where K is the thermal conductivity and R is the radius of a 
cylindrical specimen. 
Thus minimum strain rate for adiabatic conditions is found to be 
approximately: 
(2) 
At an approximate level, adiabatic shear is expected when the two 
conditions are met simultaneously. The strain must exceed the critical 
strain EC and the strain rate must exceed the minimum strain-rate for 
adiabatic shear EA. 
From the power law a = k Em above, 
log a = m log E + log k 
and plotting log a versus log E, as in Figure 6.1, gives approximate 
values of m, taking m as the slope of the plastic work-hardening 
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Figure 6.1 Log (stress) versus log (strain) for HO polyethylene 
plotted to obtain work hardening exponent m 
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region. The data is obtained from drop-weight experiments, Chapter 4, 
and the work hardening region for high density polyethylene begins at 
-40% strain as can be seen in Figure 4.14. 
The values obtained for m, EA and EC are given in Table 6.1 together 
with estimates of iJay/oT. iJay/oT for PEK, PEEK and PES was 
calculated using data (as yet unpublished) obtained by S. Hamden of 
this laboratory at a strain rate of -7s-1, and plots of yield stress versus 
temperature are shown in Figures 6.2-6.4. Data to calculate iJay/oT for 
polycarbonate and high density polyethylene was obtained from 
Walley [5] to give a rough estimate. Values of iJay/oT for steel 
obtained by P.R.Dixon [6] are also included in Table 6.1 and the 
values obtained for m, EA and EC are comparable with those obtained 
for polymers. 
The calculated values of EC (the critical strain above which shear may 
occur) are unrealistically high and indicate a flaw in the method and 
suggest that the adiabatic approximation is not always valid. Also, one 
would not expect iJay/oT to remain constant at the higher strain levels. 
The values of EA (minimum strain rate for adiabatic conditions) 
calculated indicate that adiabatic shear can begin well below the strain 
rate of -7 x 1 O'S-1 used in the drop-weight apparatus. Values of EA for 
the polymers are lower than for steel, as shown in Table 6.1, owing to 
the low thermal conductivity of polymers. Measured and calculated 
values of temperature rise agree quite well at low strains, despite the 
high predictions for EC' 
The heating effect is obviously particularly important for polymers 
since their mechanical properties show a much greater temperature 
dependence than metals. Stress at a given strain increases with 
-123-
TABLE 6.1 
Polymer Radius Density Specific heat ThennaI Work oo/<lT Adiabatic Critical 
m p Kgm-3 
x 10-3 x 103 
Cl> JKg-I conductivity 
x 103 KWm-I°C-1 
Hardening MPa °C- I strain rate strain 
exponent estimates EA s-1 Ec 
ID +0.1 
PC 3 1_2 [2J 1.26 [5J 0.2 [2J 1.2 -0.39 raj 0.27 4.6 
PEEK 3 1.32 [3J 1.27 [4J 0_25 [3J 0.55 -0.47 [c) 0_13 1.96 
PEK 3 1.3 [3) 1.0 [4) 0.24 [3) 0.5 -0.55 [c) 0.1 1.2 
HDPE 3 0.95 [2) 2.3 [5) -0.5 [2) 2.0 -0.44 [a) 1.01 9.9 
PES 3 1.37 [2) 1.2 [4) -0.15[2) 1.0 -0.21 [c) 0.32 7.8 
Type 224 5 
carbon 
manganese 
steel 161 
7.8 
[I] Kaye and Laby 
0.48 
[2] Goodfellow Catalogue 
[3] lC! literature 
48 
[4] Measured on Mettler DSC-20 at 50°C 
[5] Handbook of Chemistry and Physics 
[6] P R Dixon PhD. Thesis 1990 
0.27 -0.28 7.4 3.6 
[a] strain rate 103sec-1 [5) 
[b) strain rate 3.8 x IO-4S-1 [6) 
[c) strain rate 6s-1 
Figure 6.2 Yield stress versus temperature for PEK 
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Figure 6.3 Yield stress versus temperature for PEEK 
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Figure 6.4 Yield stress versus temperature for PES 
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increasing strain-rate but decreases as temperature is increased. A 
stress-strain curve obtained at a high strain rate will, in fact, be a 
"composite" curve of sections from an infinite series of stress-strain 
curves, each of a higher temperature than its predecessor. Although 
this may not be a practical disadvantage, since the material will 
undergo a similar temperature increment when in service, it is a 
problem if experimentally determined stress-strain curves are to be 
used as data for the production of constitutive models of the polymers. 
6.2 EXPERIMENTAL 
The high strain rate work was carried out on the drop-weight 
apparatus described in Chapter 4. Bulk temperature rise on high strain 
rate compression was measured by drilling a small (NO.25 mm 
diameter) hole in the side of each specimen. 0.2 mm nickel-chromium/ 
nickel-aluminium K-type thermocouple wire, with its end welded to 
form a small sphere, was inserted into the hole so that the sphere was 
at the centre of the specimen. The thermocouple was connected to a 
Gould 100 Ms/sec storage oscilloscope (DSO) 400 and the resulting 
signal plotted with a Gould Colorwriter 6120 and used to evaluate the 
temperature rise using a standard calibration curve. The accuracy of 
this was checked by immersing the thermocouple and a thermometer 
in water of varying temperature. K-type thermocouple wire was 
chosen for its relatively high thermal sensitivity of 40J-lV/'C so that 
measurable emfs were produced even for small temperature changes. 
6.2.1 Response time of thermocouple 
Figure 6.5 shows the response of the thermocouple wire when 
immersed in a water bath at 89.5°C, giving a temperature rise of 
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Figure 6.5 Response of thermocouple wire when immersed in a 
water bath. 
Room temperature: 21 ·C, water bath temperature: 89.5·C, 
temperature rise: 68.5·C 
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vertical scale: 50·C/division 
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68.5°C. The water bath temperature was reached after about 250ms. 
This is much slower than the response time of -50ms measured by 
P.R. Dixon [6], and subsequent experiments have shown that the time 
taken for the thermocouple to reach the temperature of the water 
depends on the speed at which the thermocouple is lowered into the 
water bath. Thus the thermocouple is measuring the temperature of 
the surrounding air as it is lowered into the water. 
A theoretical response time of 1.28ms was calculated by Dixon who 
found that the response time varied as the square of its radius and 
reciprocal of its thermal diffusivity: 
response time, t = 
r
' 
(aa/a1) 
D 
The drop-weight impact test takes place within a time scale of -2ms 
and thus the response of the thermocouple should be fast enough to 
measure the initial bulk temperature rise of the polymer specimens. 
6.3 RESULTS 
6.3.1 Measured bulk temperature rises 
Typical thermocouple output-time traces are illustrated in Figure 6.6 
and a photograph of a specimen of polyethersulphone after 
compression, with a thermocouple in place, shown in Figure 6.7. It 
can be seen from Figure 6.6(a) and (b) that, although the initial rise in 
temperature appeared almost instantaneous, the maximum 
temperature was recorded after about 500ms for a specimen of PEK 
and 300ms for a specimen of polypropylene. This indicates that the 
maximum temperatures reached are higher than those recorded since 
-125-
(a) PEK 
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Figure 6.6 Typical thermocouple voltage - time traces 
Figure 6.7 Photograph of deformed polyethersulphone specimen 
with thermocouple in place. Scale I mm and Il2mm. 
the timescale of the experiment is only -2ms and the specimens 
would have had time to cool down slightly. 
The experiments were very difficult to carry out because the 
thermocouple wire broke very readily on compression of the 
specimens. and therefore impact was carried out at lower strains than 
for specimens used to calculate temperature rises from the 
stress-strain curves (see below). The temperatures measured are given 
in Table 6.2. The lower values were generally obtained at a lower 
strain than the higher temperature rises recorded. 
An attempt to use a thicker. stronger thermocouple did not succeed as 
this initiated fracture of the specimens. 
6.3.2 Calculated bulk temperature rises 
Calculations of expected temperature rises were made by integrating 
the area under stress-strain curves of fractured and unfractured 
specimens. compressed using the drop-weight impact machine (see 
Chapter 4). The plastic work done on samples was equated to 
increases in thermal energy and temperature rise calculated using the 
equation: 
fa d€ 
LlT=--pCp (6) 
where fa d€ is the area under the stress-strain curve 
p is the density 
and Cp is the specific heat at constant pressure. 
-126-
TABLE 6.2 
Temperature Rise for tbe Polymers 
Polymer Bulk temperature rise °c 
Measured Calculated Calculated 
(Thermocouple) (no fracture) (fracture) 
-+-3°C -+-SOC +SoC 
PC 47-74 69 78 
PEEK 27-44 78 I 16 
PEK 64 99 177 
HDPE 34 38 
PES 50 66 
Nylon 66 54 58 
Polypropylene 3 1-60 37 
Measured (Film) 
-+-SO°C 
Bulk Localised 
<200 700 
600-80 
600-800 
<200 
400 
230 
6.3.3 Comparison of measured and calculated bulk temperature rises 
Bulk temperature rises, both calculated as above and measured with a 
thermocouple, are given in Table 6.2. The thermocouple values are 
generally, but not always, lower than calculated values. This is because 
the thermocouple always broke when the specimens were impacted at 
the normal strain. Hence lower strains were used than for specimens 
used to calculate temperature rises from stress-strain curves. 
Most of the temperature rises measured are below or near calculated 
values form unfractured specimens. However, some specimens 
(polycarbonate, polyethylene and polypropylene) gave measured 
temperature rises higher than these, and an explanation may be that a 
small amount of fracture, usually undetected, has occurred in the 
specimens. In the case of high impact polyethylene, a small crack was 
observed in a specimen which showed a temperature rise of 71°C. 
Results for temperature rises at the tips of cracks in fracturing 
specimens, obtained by Swallowe using a Heat Sensitive Film 
technique [3], are also included in Table 6.2. 
6.4 DISCUSSION 
The temperature rises given in Table 6.2 suggest they will have a 
significant effect on the drop-weight machine stress-strain curves of 
the polymers. In order to "correct" stress-strain curves to isothermal 
ones at a given strain rate a procedure similar to that used by Dixon 
and Parry [7] may be used. This can be applied because aa/oT appears 
constant with strain for polymers (unpublished work by S. Hamden) at 
temperatures from room temperature to 120°C and the same was 
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found by Arruda and Boyce [8] for PMMA from 25-75°C (at a strain 
rate of 1O-3s-I). However this was not true for polymers taken below 
room temperature [5]. It is possible to calculate the stress "correction" 
.da attributable to adiabatic heating effects for a given strain €. Values 
of .da owing to a temperature rise .dT in the specimens were 
determined by: 
Da 
.da = -y . .dT 
aT 
(7) 
Figures 6.8 and 6.9 show temperature rise increasing steadily with 
strain (and hence time) for all of the polymers. As above, data from 
[5] have been used to estimate Day/aT for polycarbonate and 
polyethylene, and so the values of .da for these polymers are only 
approximate. Modified stress-strain curves are shown in Figures 6.10 -
6.14. The uncorrected curves correspond to "adiabatic" and the 
corrected curves correspond to "isothermal" stress-strain curves. In all 
cases, there is a significant increase in stress, ranging from ",,6% for 
PES to as much as "" 19% for PEK, measured at the maximum stress 
attained (see Table 6.2). 
The temperature rises (calculated and measured) are in line with those 
computed and measured by Chou et at [1] for PMMA compressed at 
strain rates of 3s-1 and 4s-l • They were able to measure a gradual 
increase in temperature at these lower rates, unlike the drop-weight 
experiments which showed almost instantaneous temperature rises. It 
is interesting to note that the temperature rises at low rates of strain 
measured by Chou are lower than computed values because some heat 
was lost to the surroundings such as the platens of the piston and the 
base plate. as well as the air. Thus, at these low rates, the initial part 
of the stress-strain curves were isothermal and the curves showed an 
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isothermal/adiabatic transition. 
Hall [2] estimated that the temperature was likely to rise by 20-30°C 
at strains above 10% during adiabatic extension. He showed that the 
extension of yarns of several polymers took place isothermally at 
strain rates below 0.04s-1 and adiabatically at strain rates above 4s-1• 
This is higher than the values of EA from between 0.1 and 1.0 S-1 
calculated for compression in the drop-weight machine. Hall's 
calculations were, however, derived using a homogeneous, cylindrical 
filament under extension as a model, and are thus not directly 
comparable. Temperature rises estimated by Hall up to ~20% strain 
were somewhat higher than calculated for the drop-weight machine at 
these low strains. 
Arruda and Boyce [8] measured a surface temperature rise of over 
50°C for PMMA at a strain rate of 0.5s-1 and strain of ~50%. They 
also claimed to obtain similar results for polycarbonate. The heating 
that was produced by plastic flow was found to strongly affect the 
stress-strain behaviour resulting in curves produced at high rates 
crossing under lower rate curves at about 50% strain because of 
thermal softening. They measured the birefringence of the orientation 
of specimens after unloading which showed that isotropically planar 
orientation occurred on uniaxial compression of PMMA. 
The possible effect of compression on the crystallinity of the polymers 
has not so far been considered. It has been assumed that internal 
energy changes can be neglected and that all work done appears as 
,heat. However, if there were changes in crystallisation during 
"compression of partially crystalline polymers this would not 
necessarily be true. An increase in crystallinity would \liberate heat, 
1\ 
;.r~ 
,)\ ~ 
( , 
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\ 
causing temperature rises above those calculated. This could be 
another explanation for high measured temperature rises of 
polyethylene and polypropylene, but not polycarbonate as this is an 
amorphous polymer. 
6.5 CONCLUSION 
Temperature rises have been measured and calculated for a range of 
polymers compressed on the drop-weight machine. Corrected 
"isothermal" stress-strain curves have been computed, and a 
significant increase in stress for a given strain observed, when 
compared with uncorrected "adiabatic" curves. These range from -6% 
for PES to as much as -19% for PEK, measured at the maximum 
stress attained, and would have a significant effect on constitutive 
models of the polymers. 
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7. DISCUSSION 
7.1. THE EFFECT OF STRAIN RATE 
Eyring theory predicts that a plot of yield stress/temperature against 
log (strain rate) for amorphous polymers at a series of temperatures 
should give a series of parallel straight lines (see Chapter 1). 
Bauwens-Crowet [1] found this to be true for polycarbonate in tension, 
creep and impact tests. G'Sell and Jonas [2] plot stress at 20% strain 
versus log (strain rate) for several crystalline polymers at room 
temperature and also obtained straight lines, 
Figure 7.1 shows yield stress/temperature T (where T=295°K) versus 
log (strain rate) for 3 polymers examined in this work. High density 
polyethylene, polycarbonate and PEEK were taken to represent the 
range of polymers tested. It is clear that yield stress/T increased 
slightly with log (strain rate) as predicted at the three lower strain 
rates (i.e."Instron" experiments) but decreased at the highest strain 
rate (Le. the drop-weight apparatus). 
The stress-strain curve for drop-weight experiments is not accurate at 
low strains and cannot be used to determine the yield point or yield 
stress as discussed in Chapter 4. Figure 7.2 shows stress at various 
strains plotted against log (strain rate) for high density polyethylene. 
It can be seen that stress at the highest strain rate appears low below 
",30% strain but increased slightly at ",40% strain. At ",60% strain and 
above, stress increased markedly with strain rate at the highest rate. 
Approximately the same trend can be observed for polycarbonate 
(Figure 7.3). PEEK could only be taken to ",20% strain in the 
"Instron" and so not enough measurements could be made (Figure 
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Figure 7.1 True yield stress/temperature versus log (strain rote) 
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7.4), however, the same trend can be observed at the highest strain 
rate as for high density polyethylene and polycarbonate. 
Comparison of stress-strain curves in both the "Instron" and the 
drop-weight apparatus (see Figures 3.13 and 4.27) shows that stress 
increases much more rapidly at strains above -40% in the drop weight 
apparatus for all of the polymers examined except polypropylene and 
nylon 66. It is not clear why polypropylene and nylon 66 behave 
differently to the other polymers, and it is suggested that examination 
of specimens after compression using other techniques such as DSC, 
x-ray diffraction or optical birefringence may be helpful in 
understanding the effects of the drop-weight technique on crystallinity 
and orientation. 
Boyce and Arruda [3] compressed unoriented specimens of 
polycarbonate to high strains (>100%) at rates from 10-4 to IS-1 and 
found strain softening (defined as the drop in flow stress during 
plastic straining) to be relatively independent of the strain rate. A 
marked increase in stress was observed above -60% strain which was 
attributed to strain hardening, with locking (asymptotically increasing 
stress) occurring at a compressive strain of -125%. The stress-strain 
curve for polycarbonate obtained using the "Instron" (Figure 3.12) 
followed Boyce and Arruda's curve up to -60% strain, the maximum 
which could be achieved in the "Instron". However, the curve obtained 
using the drop-weight apparatus (Figure 4.25) showed a marked 
increase in stress above about 40% strain. There is clearly an anomaly 
between the curves obtained using the different techniques which 
requires further investigation. 
The points obtained for polycarbonate at strain rates -3 x 10-3, -3 x 
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10-2 and -3 x 10-1s-1 in the "Instron" lie fairly close to the straight 
line obtained by Bauwens-Crowet [1] applying the Eyring Theory and 
plotting yield stress/temperature against log (strain rate) at room 
temperature, as can be seen from Figure 7.5. However, the point at a 
strain rate of -7 x 102s-1 (i.e. the drop-weight apparatus) was much 
lower, as expected from Figure 7.1, and a more accurate method of 
measuring yield stress by this technique needs to be investigated. 
Bauwens-Crowet plotted engineering stress and strain as their data. 
G'Sell and Jonas [2] fit their data for crystalline polymers at strain 
rates up to 1 0-IS-1 with an additive equation, the second term of which 
reflects the strain rate sensitivity of the material (see Chapter 1). They 
plotted stress against log (strain rate) based on constant strain rate 
data measured at 20% strain. The experimental points for each 
polymer were aligned on straight lines within a narrow error band. 
Data for high density polyethylene in the present work are slightly 
lower than the straight line obtained for high density polyethylene by 
G'Sell and Jonas as can be seen in Figure 7.6. They determined a 
value of 2.1 nm' for the Eyring activation volume while a value of 
4.lnm3 was determined from the present work. Experimental 
activation volumes as large as those determined in this way are taken 
to signify that changes in microstructure accompany the changes in 
strain rate. 
Haward and Thackray [4] collated data which showed Eyring 
activation volumes of 6.4 and 8.6nm' for polycarbonate and 
polyvinylchloride respectively. These values are higher than those 
obtained by G'Sell and Jonas given in Figure 7.6. Haward and 
Thackray compared activation volumes of several polymers obtained 
from yield stress data with the volume of the "statistical random link". 
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from this thesis. 
This was obtained from solution studies by assuming that the real 
chain can be represented by an equivalent chain with freely jointed 
links of a particular length. They found that activation volumes were 
very large in molecular terms and ranged from about 2 to 10 times 
that of the statistical random link. This was said to suggest that yield 
involves the co-operative movement of a larger number of chain 
segments than would be required for a conformational chain in dilute 
solution. These conclusions agree with those of G'Sell and Jonas that 
changes in microstructure accompany changes in strain rate. 
Boyce and Arruda [3] fit their curves to a three-dimensional 
constitutive model developed from the concept that the total 
resistance to yield in glassy polymers is composed of two physically 
distinct sources: I) an isotropic resistance to molecular chain segment 
rotation, and 2) an anisotropic resistance to molecular chain 
alignment. However, they appear to have used a value of 0.3 for 
Poisson's ratio to calculate the model curves. It is not made clear, but 
calculations of stress and strain for the experimental curves were 
presumably made assuming constant volume, and hence a value of 0.5 
for Poisson's ratio. This casts doubt on the validity of their model. 
In a recent thesis by Ahmed [5] of this Department he plotted a 
comparison of flow stresses of high density polyethylene at 10% strain 
versus log (strain rate) obtained by several authors (see Figure 7.7). 
Points from this present work agree quite well with those of other 
authors although the high strain rate point (drop-weight apparatus) is 
again somewhat low. 
The samples examined in this work are mostly commercially available 
polymers and have not been characterised in terms of molecular 
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strain 
weight, additives etc. In comparing the materials with each other it 
should be remembered that variations in properties such as molecular 
weight can have a marked effect on the properties of polymers. For 
example Doll [6] found that molecular weight had a marked effect on 
the deformation behaviour of polymethylmethacrylate PMMA (see 
section 7.3). 
7.2 POTENTIAL SOURCES OF ERROR 
7.2.1 Friction 
Friction at the ends of the specimen is likely to give rise to errors in 
calculations of stress and strain. As discussed in earlier chapters, 
specimens were lubricated with aerosol silicone grease ("Instron" 
specimens) or petroleum jelly (drop-weight specimens) in an attempt 
to remove friction effects. Walley et aI [7] measured friction between 
anvils and annular specimens using the analysis of Avitzur. This was 
for the uniform deformation of a ring under uniaxial loading with a 
frictional stress at the interface that is some fraction m of the 
materials shear yield stress. He obtained expressions from which the 
behaviour of the radius of the hole as a function of the longitudinal 
compression and the frictional parameter m could be computed. An 
approximate relation between the coefficient of friction iJ. and the 
friction parameter m was found to be J.L = m/(2v'3) although Gorham 
[8] suggests the relation J.L = m/v'3. Gorham gave the following 
expression for the magnitude of the friction correction: 
p = ay (1 + 2mal3v'3h) ............. (2) 
where p is the measured mean pressure 
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a is the specimen radius 
h is the specimen height 
and ay is the material yield stress. 
It can be seen that measured stress depends on the ratio alh as well 
as the friction parameter m. Petroleum jelly was found by Walley [7] 
to give m = 0 for nylon washers and thus to be the best lubricant for 
Hopkinson Bar (Le. very high strain rate) experiments. They found 
candlewax to be the best lubricant at lower strain rates on an 
"Instron". For perfect lubrication (m = 0) no friction correction needs 
to be made and the measured stress-strain curves should be 
independent of alh. Where m>0 and the value is known it is not 
necessary for alh to be the same for all specimens, but it is good 
practise to compare geometrically similar specimens. Walley set alh 
equal to 1.25/1 with specimens 5mm width and 2mm height. 
Specimens tested in this thesis have alh approximately 0.75/1 with 
6mm width and 3-4mm height. m was not known but was thought to 
be close to zero and a/h was constant for each polymer. 
Equation (2) predicts that using thicker specimens decreases the effect 
of friction on the measured stress. Specimens of polycarbonate with 
thickness 2, 4 and 6mm were found to give similar stress-strain 
behaviour in an "Instron" compression test which is an indication that 
m = O. Nylon 66 specimens of different thickness compressed in the 
drop-weight machine also showed reproducible stress-strain behaviour, 
which would again suggest that m = O. This is a clear indication that 
friction is not a major problem. 
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7.2.2 Inertia 
Gorharn, Pope and Cox [8] showed that there is no specimen 
geometry for which inertia is zero. As the rate of deformation 
increases, the force required to accelerate material also increases. If 
the magnitude of this force is significant compared with the 
deformation load then the measured total load history is no longer an 
accurate record of the plastic yield stress. 
Several authors (see [8]) made estimates of inertial stress, but Gorham 
claimed that the boundary conditions used were not realistic. The 
assumption was made that the upper surface of the specimen is 
moving with velocity u while the lower surface is stationary. Gorham 
believed that in either Split Hopkinson Pressure Bars or direct impact 
tests the lower specimen surface is also moving, typically with velocity 
up to u/3. Their analysis took this movement into account and they 
concluded that inertia cannot in general be cancelled by adjusting 
specimen geometry, and the best use of theoretical predictions is in 
identifying conditions when inertia can be neglected. 
7.2.3 Amount of strain on the system 
An experiment was carried out using the drop-weight system without 
a specimen present and the maximum stress on the system calculated 
from the maximum voltage reached. The strain on the system at the 
maximum stress of -500MPa was calculated to be -0.25% (see 
Chapter 4). This amount of strain is clearly very small compared to 
the strain reached in the polymers. 
Bowden and Tabor [9] gave a formula for the deflection of an anvil 
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when a solid cylinder collides with a flat surface in the form of a 
lubricant. Pressure is not constant over the cross-section of the 
cylinder and is given by: 
r2 
P = Pmax ( I - - ) R2 
in which P is the pressure in the liquid film, R is the radius of the 
cylinder and r is the distance from the centre of the cylinder. 
This distribution of pressures is not uniform and becomes equal to 
Pmax at the centre of the cylinder (r = 0) and zero at the cylinder 
edge (r =R). Pressure can be modified by distortion of the anvil 
surface but this can be ignored. 
The deflection of the anvil is given by the equation: 
3r2 9r4 
6= 
4 (I - v2) 
3E x Pmax ( I - 3R2 + 64R4 ......... ) 
where v is Poisson's ratio and E is Young's modulus. 
In these experiments, the correction would be 26 as two surfaces are 
being deflected. 
The average pressure, 
Total force 
Paverage = -----
area 
=-
nR2 
Total force can be found by integrating over the cylinder cross-section: 
R r2 
FT = f Pmax ( I - - ) 2nr dr o R2 
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2"rt R 
Hence, FT = Pmax [ "r2 - 4R2] 0 
1 
which gives FT = -
2 
Paverage = 
Taking Paverage = 100MPa (see Chapter 4) gives Pmax = 200MPa. 
Using the equation for the deflection of the anvil above, and taking v 
= 0.27 and E = 210GPa for the steel, the maximum correction (taking 
r = 0) would be 2.35mm. This is much too high and close examination 
of the equation for " shows that it gives a dimensionless answer. 
Bowden and Tabor refer to Prescott [16] who derived equations in 
1924 for the displacement of two bodies pressed together. 
Examination of his work suggests that Pmax should be multiplied by 
the radius R which would give the correct dimensions. A maximum 
correction of 7.1 x lO-6m, a negligible amount, was calculated when 
this term was included. 
7.2.4 Poisson's Ratio 
The Poisson's ratio of viscoelastic materials is not necessarily a 
constant as variations in lateral and volume effects may be 
considerable under conditions of impact, high speed vibrations, creep, 
and relaxation of materials [10]. Also, Poisson's ratio is an anisotropic 
property of materials - it will only be the same in all directions for an 
isotropic material. As is common practise, calculations of stress in this 
thesis have been based on the assumption that Poisson's ratio is a 
constant with value 0.5. 
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Rigbi [10] has shown, not only that Poisson's ratio of an isotropic 
specimen of polymer can have values other than 0.5, but also that it 
can vary with time, temperature, strain and strain rate. Rigbi proposed 
that if a viscoelastic material is suddenly stretched its lateral 
dimensions will decrease rapidly to an initial value and then proceed 
to decrease slowly, sometimes over a very long period, to reach an 
equilibrium value. The initial, elastic, state is believed to be associated 
with a low value of Poisson's ratio (Le. 0.33 for metals) followed by a 
viscous state with Poisson's ratio 0.5 (Le. for materials which flow). 
Values in between 0.33 and 0.5 are thought to correspond to unstable 
states. 
Krause et al in 1966 [11] described a very accurate technique for 
obtaining Poisson's ratio. The change in volume was measured during 
a compression test by submerging the specimen in mercury and 
simultaneously recording the mercury level and crosshead movement 
of the testing machine. Poisson's ratio was determined within an error 
of 0.005 and was found to increase gradually with strain for both 
polypropylene and polyethylene. The ultimate values reached were 
slightly higher than those obtained from Zeng's data [12] in Chapter 
3 but still less than 0.5. However, these experiments were carried out 
very slowly compared to the "Instron" experiments with the system 
being left to equilibrate for about 1 hour before each measurement. 
Also the morphology of the specimens was not mentioned and so it 
was not clear that they were isotropic. 
A paper by Belostotsky et aI [13] in 1992 showed that the volume of 
polycarbonate in uniaxial tension increased at small deformations 
(>4%) then, after reaching a maximum, volume began to decrease and 
reached a value less than the initial value at ",6% strain. The accuracy 
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of mechanical and volume tests was 10% from a measured value. Once 
again, the morphology of the samples was not stated and the rate of 
extension would appear to be slow, although it is not given. 
Attempts made to measure Poisson's ratio in an "Instron" at a rate of 
3 x 1O-'s-1 described in Chapter 3 highlighted the difficulties inherent 
in measuring Poisson's ratio. True stress has been calculated for a 
specimen of high density polyethylene compressed at a strain rate of 
3 x 10-3 S-1 assuming that the volume was not constant. 
Taking Poisson'S ratio v = -
In(w/wo) 
In(e/eo) 
we obtain In w = v In(e/eo) + In Wo 
and hence w can be calculated. 
The cross-sectional area of the specimen A = Jrr' = Jrw'/4 
and true stress = Force/A. 
True stress was calculated in this manner taking a hypothetical value 
of 0.4 for v. Figure 7.8 shows that stress increases significantly at the 
higher levels of strain compared with stress calculated taking the 
conventional value of 0.5 for v. This means that constitutive equations 
developed using data taking this conventional value for Poisson's ratio 
may not be accurate in predicting how materials will behave. 
7.2.5 Other sources of error 
As discussed in Chapter 4, an error of -5% was found in the strain 
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Figure 7.B Effect of varying Poisson's ratio 
on stress-strain curve of HO polyethylene 
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measurement of aluminium and hence the polymers tested in the 
drop-weight apparatus. Another source of error may occur when the 
data points are selected at the start and end of the voltage/time curve. 
This can affect the initial slope of the stress-strain curve and hence 
the strain and stress at yield cannot be determined accurately (see 
Figure 7.9). Also, the measurement of impact velocity is known to be 
critical (see Chapter 4) and it is suggested that attempts be made to 
measure velocity by another technique. Other methods of recording 
the initial data should also be considered since errors may arise when 
it is initially transferred from the oscilloscope via the IEEE interface. 
The amount of deformation of the specimen which takes place during 
compression in the "Instron" was measured from the load versus time 
curve on the chart recorder, taking time to be directly proportional to 
the displacement. An attempt was made to confirm this by using a 
displacement transducer fitted between the moving platens to measure 
deformation. Because of the large amount of noise present compared 
to the size of the signal this has not yet proved a successful technique. 
However, the agreement of the "Instron" results with those of other 
authors suggests that they are reasonably accurate. 
Video pictures taken during compression in the "Instron" showed 
barrelling of high impact polyethylene above -30% strain which 
means that the stress-strain curves may not be accurate above this 
point. 
7.3 INFLUENCE OF CRACK TIP TEMPERATURES ON FAILURE 
The influence of time and crack speed on the kinetics of the craze 
zone at the crack tip of polymers have been considered in some detail 
by Doll [6]. He concluded that during the formation of crazes for slow 
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Figure 7.9 True stress versus true strain using 
the drop-weight technique at a strain rate of -7 x 102s-1 
showing the effect of using slightly different limits for 
the calculation in the program DROPW2. 
crack propagation in PMMA fibrils are formed and drawn out of the 
bulk, these fibrils then become heavily stretched before being ruptured 
by the advancing crack tip and snapping back like relaxed springs. 
Stresses at rupture were the same for both low and high molecular 
weight material but the extensibility of fibrils was found to be higher 
by more than a factor of 2 in a high molecular weight material than in 
a low one. This was said to imply that the fibrils in the lower 
molecular weight material were stiffer. At fast crack propagation he 
found that high molecular weight PMMA produced a much greater 
heat output than low molecular weight. 
It is known that heat may arise due to fracture and 001\ found that 
the temperature in the craze zone reaches a maximum when 
conditions change from isothermal to adiabatic, that is to fast crack 
speeds. The catastrophic failure of polymers during high speed 
compressive loading was observed by Swallowe et al [14]. Typically, 
plastic failure was followed by a complete structural failure due to the 
production of many fast running cracks. In Chapter 6, bulk 
temperature rises of up to 177°C were measured, but estimates of the 
temperatures at crack tips during failure were made by Swa1lowe using 
a heat sensitive film technique. Estimates of temperature rises of up to 
800°C were reported. 
Measurements of the thermal decomposition parameters of several 
polymers were made in Chapter 5 using a Mettler DSC 20 in an 
argon atmosphere. Using these values and the maximum crack tip 
temperatures obtained by Swallowe the decomposition rates for 
PEEK, PEK, high density polyethylene and nylon 66 were estimated 
from the expression 
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dxIdt = A e-E/RT f(x) 
where dxIdt is the fractional decomposition rate and f(x) a function of 
the remaining fraction of sample (such as (I - x)n) which was taken be 
equal to I for small x. The fractional decomposition rates are shown 
in Table 7.1, together with thermal decomposition parameters, and 
indicate that the rate of decomposition of PEEK and PEK are 
sufficiently fast for decomposition to cause voiding ahead of the crack 
tip. The much slower decomposition rates calculated for high density 
polyethylene and nylon 66 suggest that decomposition is unlikely at 
the temperatures which might be reached. 
Table 7.1 
Decomposition data for some polymers 
Polymer E k1 mol-1 A S-1 
+10% +10,0 
PEEK 218 1.3 x 10" 
PEK 227 4.6 x 10" 
High density 307 3 x 10'9 
polyethylene 
Nylon 66 275 I x 10'8 
Decomposition Rate S-1 (at max. observed temp.) 
-3 
-4 
-3.5 x 10-15 
-4.5 X 10-4 
In Appendix 7.1 it has been calculated that the low molecular weight 
gasses produced by decomposition of PEK could occupy >2% of the 
volume of the region ahead of a crack. The voiding produced would be 
expected to have an influence on the formation of crazes and hence 
further crack propagation. However several assumptions were made 
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for this calculation: 
i) The decomposition products were assumed to be low molecular 
weight gases such as H 20 or CO2• It is hoped to carry out future 
experiments to determine the gases actually produced on fracture. 
ii) The elastic energy released in the sample was assumed to drive the 
crack and be deposited in the region approximately IOOOl'm ahead of 
the crack tip. This corresponds to the typical crazed region ahead of a 
crack in polycarbonate found by Michler [15] . 
Decomposition rates are very sensItive to the assumed temperature 
reached and a reduction from 800·C to 500·C would reduce fractional 
decomposition rate in PEK from _4s-1 to -2 x 1O-4s-l • The 
temperatures measured by Swallowe [14] appear sufficiently high for 
significant thermal decomposition to occur ahead of a running crack, 
and thus the products of this decomposition may cause the formation 
of a craze-like region ahead of the crack. These voids would act as 
craze initiators as described by Michler [15] and the repeated 
formation of crazes ahead of the crack-tip needed for crack growth 
could also occur by this mechanism. 
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APPENDIX 7.1 
DECOMPOSmON AT CRACK TIPS 
In Chapter 5, decomposition kinetics of several polymers were 
estimated. The rate of decomposition can be calculated from the 
equation 
dxldt = A e-E/RT f(x) 
where x is the fractional decomposition and f(x) a function of the 
fraction of specimen decomposed which will typically be I for small x. 
Since only the initial stage of decomposition is of interest f(x) is taken 
to be equal to I. Assuming an instantaneous temperature rise of 
800"1( is reached ahead of a crack tip, rates of decomposition have 
been calculated for PEEK and PEK and are shown below: 
PEEK 
PEK 
E KJ mol-1 
=+=10% 
218 
227 
1 Decomposition rate A sec- dxld sec-1 
+10% (at max observed temp) 
1.3 x lOll 
4.6 x 1011 
-3 
-4 
Several approximations were used in the calculation of the amount of 
.... 
polymer decomposed ahead of a crack tip: 
I) The time of heating was estimated to be equal to the time taken for 
a crack to cross the crazed region ahead of a crack tip. High speed 
photographs of PEK were taken by S. Hamden in this Department 
and crack velocities of -300m/s observed. 
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2) According to Michler [15] the crazed region ahead of a crack tip of 
polycarbonate is 1000l'm long, and this length was used in the 
calculations for PEK and PEEK. 
3) The decomposition products were assumed to be low molecular 
weight gases such as H20 and CO2, 
Calculation of amount of polymer decomposed ahead of a crack tip. 
Assuming a crack crosses a crazed region 1000l'm long with a 
velocity of 300m/s, time taken to cross crack, t = 3.33 x 10-6 sec. 
Fractional amount decomposed ahead of a crack at 800°C (1073°K) 
= rate of decomposition x time take 
= dxldt x t 
= 4 x 3.33 x 10-6 of crazed region 
= 13.3 x 10-6 V m3, where V = volume of heated region in m3. 
Taking density of PEK = 1300 Kgm-3, fractional amount decomposed 
= 13.3 x 10-6 x 1300 V Kg 
= 1.73 x 10-2 V Kg 
Igm molecule occupies 22.4 litres at S.T.P., and assuming low 
molecular weight products with average molecular weight ~20, 
1.73 x 10-2 x 22.4 x 103 
volume of products at S.T.P. = 
20 
= 19.4 x 10-3 V m3. 
19.4 x 10-3 V 
Percentage of total volume of craze = x 100 
V 
= 1.9 % 
V litres 
However, the crazed region will be above room temperature and the 
decomposition products will occupy a greater volume than at S.T.P., 
therefore the percentage decomposition products occupying the crazed 
region will be > 2%. 
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Decomposition rates have also been calculated for high density 
polyethylene and nylon 66 at the maximum temperatures recorded 
(-200 and 400·C respectively) as shown below: 
high density 
polyethylene 
nylon 66 
307 
275 
1 Decomposition rate A sec- dxJdt sec- l 
+10% (at max observed temp) 
3 x 1019 -3.5 x 10-15 
I x 1018 -4.5 x 10-4 
At these rates, decomposition would not be expected to cause voiding 
of specimens. 
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CHAPTER 8 
8. CONCLUSIONS AND RECOMMENDATIONS 
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8. CONCLUSIONS A1\1J) RECOMMENDATIONS 
8.1 CONCLUSIONS 
Polymers are increasingly being used to replace more traditional 
materials such as metals in applications where they have to withstand 
impact. The main difference between polymers and conventional 
materials is that the stress-strain behaviour shows a very marked 
dependence on time (or rate) and temperature. Several polymers have 
been compressed at a range of deformation rates and effects such as 
temperature rise and decomposition behaviour investigated. 
Specimens compressed at rates of -3 x 10-3, -3 x 10-2 and -3 x 
10-1s-1 in an "Instron" gave very reproducible stress-strain curves 
which agreed well with literature results and fitted the Eyring Theory 
quite well (see Chapter 7). Specimens compressed at a rate of -7 x 
102S-1 in the drop-weight apparatus gave fairly reproducible 
stress-strain curves but the initial portion of the curves was not 
accurate and did not fit the Eyring Theory well. Also, most polymers, 
particularly polycarbonate, polyetheretherketone (PEEK), 
polyethersulphone and high density polyethylene, showed a rapid 
increase in stress at high strains while nylon 66 and polypropylene 
did not. Other high strain rate techniques, such as the Hopkinson bar, 
give results which fit theoretical curves derived from the Eyring 
Theory and it is clear that further work needs to be done to develop 
the drop-weight technique and compare the different methods of 
deriving stress-strain data. 
It is generally assumed that volume remains constant during 
compression of polymers and Poisson's ratio is traditionally taken as 
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• 
0.5. Initial investigation suggests strongly that Poisson's ratio varies 
with strain and strain rate, varying from about 0.3 to 0.5. This is a 
very important conclusion since it suggests that calculations of stress 
and strain carried out by other workers are not correct and need to 
have substantial corrections applied. This would have a significant 
effect on stress-strain curves, and hence constitutive equations 
developed. Attempts to obtain accurate measurements of Poisson's 
ratio have not yet been successful. 
The minimum strain rate for adiabatic conditions, EA, was derived and 
indicated that adiabatic conditions began at strain rates ranging from 
O.I-ls-1 for the polymers examined. This is well below the strain rate 
of -103s·1 in the drop-weight machine. It was suspected that 
assumptions made in the theory did not always apply for polymers. 
The critical strain derived for localisation under truly adiabatic 
conditions, fe, gave values which were much too high, confirming that 
the assumptions made were not always valid. Bulk temperature rises 
were measured for several materials compressed in the drop-weight 
machine, although considerable difficulty was experienced in making 
the measurements by inserting a thermocouple into the centre of 
specimens. These temperature rises were found to be in fairly good 
agreement with rises calculated from the area under the stress-strain 
curves, despite the high predictions for fC' 
Temperature corrections were applied to the uncorrected "adiabatic" 
stress-strain curves and corrected "isothermal" curves computed. A 
significant increase in stress for a given strain was observed, ranging 
from -6% for polyethersulphone to as much as -19% for 
polyetherketone (PEK), measured at the maximum stress attained. 
This is another exciting discovery and would also be expected to have 
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a significant effect on constitutive models of a polymer's behaviour. 
The kinetic parameters of decomposition of several polymers were 
determined using DSC. These parameters were used to calculate rates 
of reaction of decomposition likely to occur at the high temperatures 
thought to be reached during high strain rate compression. It was 
concluded that localised deformation in the form of cracking or shear 
banding in tough polymers such as PEEK and PEK can lead to 
sufficiently high temperature rises for significant thermal 
decomposition to occur. This may be a previously unconsidered 
mechanism for the initiation of crazes ahead of a running crack and 
the formation of voids in shear bands. 
The DSC method involved measuring the peak of the decomposition 
endotherm (Iow density polyethylene. high density polyethylene. 
polypropylene and nylon 66) or exotherm (PEEK and PEK) and 
plotting it versus the logarithm of the heating rate. It was based on 
methods similar to ASTM test method E-698-79 (Reapproved 1984). 
It was important to know if the specimens were anisotropic. The 
crystallinity and orientation of the specimens were examined by XRD 
which showed that they were not all isotropic. Low density 
polyethylene. high impact (high density) polyethylene. PEEK and 
nylon 66 rods were all crystalline and appeared unoriented. The 
polyethersulphone plaque and polycarbonate rod were both 
amorphous and unoriented. The polypropylene rod. PEEK and PEK 
plaques were crystalline with a small amount of orientation while the 
self-reinforcing "liquid crystal" moulding showed evidence of low 
crystallinity. fibre type orientation. 
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8.2 RECOMMENDATIONS 
1. The Department has recently purchased a "Hounsfield" tensile 
testing machine, which should be more accurate and have a wider 
range than the rather old "Instron", and hopes to purchase new XRD 
equipment which can be used to examine the orientation of polymers 
in more detail using a texture goniometer. This new equipment should 
be used to investigate the mechanical and thermal behaviour of 
polymers in greater detail than before. 
2. The drop-weight apparatus should be a useful technique for 
investigating the stress-strain behaviour of polymers if it can be 
developed to ensure that errors are eliminated, for example, by 
examination of the computer analysis of the data. Other methods of 
recording the initial force-time data should also be compared. Also, 
the measurement of impact velocity is known to be crucial and 
alternative techniques for measuring this parameter should be 
investigated. 
3. Another source of error may be Poisson's ratio and it is suggested 
that accurate measurements of Poisson's ratio should be made using 
at least two techniques: 
(i) by measuring changes in volume of a specimen while being 
compressed in mercury and simultaneously recording the mercury 
liquid level and crosshead movement of the testing machine, to obtain 
the change in height of the specimen; 
(ii) by compression in the "Hounsfield" between toughened glass anvils 
with a prism system incorporated so that photographs can be taken of 
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the side and base of a specimen simultaneously. 
4. A thorough investigation of one or more materials, before and after 
compression, should be carried out. This would involve other 
techniques such as XRD, optical birefringence and DSC and should 
help to understand the effect of high strain rate compression on the 
morphology of specimens after impact. 
5. A drop-weight machine, modified with a toughened glass anvil and 
with a high speed C4 camera to photograph specimens throughout the 
impact process, is already being used in the Department. Tests should 
be carried out up to 200°C to cover the range of temperatures in use 
as this system allows direct observation of the specimen so that 
deformation modes, crack propagation etc. can be readily observed. 
6. Attempts should be made to characterise any volatile material 
produced on high speed compression of polymers. This is necessary to 
make a more accurate estimate of decomposition products and the 
likely formation of voiding by gases. 
7. Attempt to fit constitutive equations to the experimental 
stress-strain data and check the validity of current theories. 
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